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ABSTRACT 
Nickel-base superalloys have been used extensively in high-temperature 
applications where strength and structural stability are required, most notably in 
aero gas turbine engines.  To increase the efficiency of such engines, a continuous 
increase in superalloy operating temperatures has been observed.  As temperatures 
continue to increase, multiple aspects of alloy stability become increasingly 
important.  In that regard, the high-temperature performance of superalloys can be 
generally discussed from two important standpoints, surface stability and structural 
stability.  Historically, structural stability has been the primary concern to alloy 
designers, such that superalloys that may be exposed to high-temperature 
applications exceeding 1100oC typically utilize a coating for environmental 
protection.  However, the use of coatings introduces potential deficiencies.  For 
instance, aluminide coatings can lead to extensive instabilities when in contact with 
newer generation superalloys.  Also, a few niche applications exist where the use of 
a coating is impractical.  In such cases, the alloys require both environmental 
resistance and high-temperature strength. 
The primary goal of this study was to develop novel heat-treatable γ-Ni+γ'-Ni3Al-
based alloys having excellent resistance to both high-temperature oxidation and 
creep.  The alloys were developed in a systematic manner using multiple alloying 
additions, including Pt and Ir, i.e., platinum group metals (PGMs).  The 
microstructures and environmental and thermal stabilities of the alloys studied were 
fully characterized through a series of experiments, including: oxidation (both 
isothermal and cyclic); hot corrosion (both Type I and Type II); microstructure 
analysis (including lattice misfit); and phase equilibria calculations with partitioning 
coefficient analysis. 
Pt modification was found to significantly affect the lattice misfit of an alloy by 
expanding the γ′ lattice parameter through its Ni sublattice site preference.  This 
increased misfit had significant effects on the two-phase microstructure, particularly 
xxi 
the γ′ precipitate shape.  Pt was found to not have strong chemical interactions with 
the other elements present in the alloys and, hence, did not significantly affect the 
phase equilibria.  However, Pt addition did increase the oxide scale adherence and 
enhanced the hot corrosion resistance.  Moreover, phase stability was increased 
when alloying with Pt, as deleterious phase precipitation was suppressed.  A 
detrimental effect of Pt was found to be the suppression of the already narrow heat-
treatment window of higher order Ni-base superalloys.  
The use of Cr was found to have a profound effect on facilitating the exclusive 
formation of a thermally grown Al2O3 scale.  Increased Cr concentrations were 
needed as strengthening element concentrations increased.  Cr was also found to 
have an effect on the partitioning of other elements within the superalloy, 
particularly those that already partitioned to the γ-Ni matrix, resulting in preferred 
precipitate morphology changes. 
Results of PGM modification were compared to previous investigations and 
discussed from a metallurgical point of view.  
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CHAPTER 1 INTRODUCTION TO PGM-MODIFIED 
SUPERALLOYS 
 
1.1 Introduction 
Heat resistant Ni-based alloys have been used extensively in the turbine engine 
community for the past 50 years.  Components such as turbine blades and vanes 
have received the most attention due to the extremely harsh environments in which 
they operate.  Research on Ni-base alloys has led to dramatic improvements in creep 
rupture lives and has given the high-temperature materials community insights into 
the fundamental aspects of alloy design.1,2,3,8,13 The primary approach to improve the 
high-temperature capability of Ni-base alloys has been to create a strong, 
mechanically sound alloy, with an emphasis on high-temperature creep resistance.  
This approach has increased dramatically the operating temperatures of turbine 
engines from 800oC to 1250oC, and has increased the thrust of turbine engines 80 
fold.1  Improvements have been accomplished through a variety of compositional 
and microstructural modifications.1, 2  Linked to the development of increasing 
mechanical properties has been a continuous increase in refractory metal content 
(e.g. Mo, W, Nb, Ta, Re,) and an associate decrease in Cr content.13  
In general the approach to Ni-base superalloy development has given little regard to 
the oxidation properties.  Early developments actually improved the oxidation 
resistance as research showed that larger volume fractions of γ′ increased the creep 
life, and as such, an increased Al content was incorporated into the alloys.  This 
increase in Al concentration changed the protective scale that formed on the alloy 
from Cr2O3 to Al2O3.  However, the recent large increase in the additions of 
refractory metals has diminished the oxidation and hot corrosion performance of Ni-
base superalloys.101  A relative comparison between the creep and oxidation 
performance is summarized in Fig. 1.1. 
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Fig. 1.1 Qualitative trends of superalloy properties over the time frame of alloy development. 101 
 
 
To remedy the poor oxidation performance, the alloys are typically coated with a 
highly oxidation resistant material,3 most notably β-(Pt,Ni)Al.  The coating plus base 
material can provide a strong and oxidation resistant system.  However, turbine 
engine environments have become exceedingly harsh and thermal stability of the 
coatings is a primary concern.4  Moreover, β-(Pt,Ni)Al coatings have been shown to 
have a lack of compatibility with the newer generation superalloys.156  Failure of the 
protective thermal/oxidation barriers and coatings can lead to accelerated failure of 
the underlying Ni-base material.5  
In light of these shortcomings, it would be advantageous to produce a strong base 
material that is intrinsically oxidation resistant.  Furthermore, applications exist 
where the base material cannot be coated and in these instances an alloy with 
mechanical strength and oxidation resistance is needed.  Platinum group metal 
(PGM) alloying additions that include Pt and Ir, have been found to increase the 
oxidation and the hot corrosion performance of Ni-base alloys.87,89,91,92,93,94,95  There 
are undoubtedly increased costs associated with producing such an alloy, however 
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the omission of processing steps, in this instance application of an oxidation-
resistant coating, may counter the high cost associated with the use of a PGM.   
Previous work on Pt-modification was on existing Ni-base alloys and focused on 
oxidation and hot corrosion with little regard to microstruture.89,91,92,93,94 However, 
more recent results have shown the effect of Pt on the γ-Ni+γ′-Ni3Al alloy 
microstructure to be detrimental and did not produce the required enhancements.6  
It therefore became prudent to develop a PGM (e.g. Pt, Ir)-modified Ni-base 
superalloy with the PGM present at the beginning. The aim of such an alloy would 
be to have a combination of moderate creep resistance, excellent resistance to 
oxidation/hot corrosion and moderate formability.  This combination of properties 
would fill a niche needed by the turbine engine manufacturers; see Fig. 1.2. 
 
 
Fig. 1.2 General relationship between existing alloys the niche filled by the PGM-modified alloys. 
(courtesy T. Pollock) 
 
This thesis will begin by presenting a background on the physical metallurgy of Ni-
base superalloys with particular focus on the microstructure and how it relates to 
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increased creep resistance.  A background on the effects of the strengthening 
elements: tungsten, rhenium, molybdenum, tantalum, and ruthenium on the 
oxidation performance of Ni-base alloys will also be presented.  All previous studies 
conducted on the PGM-modification of Ni-base alloys shall be given in detail.  
Through compiling this background, it became apparent that a systematic approach 
to the development of a PGM-modified superalloy, from the initial stages, had not 
been conducted.  Such is the basis for this investigation: the development of a PGM-
modified superalloy having high-temperature strength, thermal stability and excellent 
oxidation/hot corrosion performance.   
This thesis consists of twelve chapters.  Chapters 2-5 cover the background 
concerning Ni-base superalloys.   
⇒ Chapter 2 presents a brief summary of the physical metallurgy of Ni-base 
superalloys from a historical perspective and how recent developments have 
arisen. 
⇒ Chapter 3 explains the rationale behind the particular microstructural 
properties that are beneficial for the creep resistance of superalloys.  These 
include the lattice misfit, phase volume fraction, and phase partitioning and 
the level at which these particular properties are at their most beneficial. 
⇒ Chapter 4 is a thorough compilation of previous investigations on the effects 
of strengthening elements on the oxidation behavior of Ni-base superalloys. 
⇒ Chapter 5 examines previous research on the modification of Ni-base alloys 
with platinum group metals. 
⇒ Chapter 6 establishes the scope of the investigation and the aims that it is 
trying to meet. 
⇒ Chapter 7 presents an initial investigation of PGM-modified Ni-base alloy 
development.  Alloys in this chapter are simplistic in nature, containing only 
three to four elements.  Both microstructural and oxidation properties of the 
model alloys are both included.  
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⇒ Chapter 8 explores the effects of Pt and Ir on the oxidation and hot corrosion 
behavior compared with a baseline Ni-Al-Cr alloy.  It was determined here 
that the use of Ir was not as beneficial as Pt. 
⇒ Chapter 9 develops a detailed study of the effects of Pt and Ir on the 
microstructure of a model Ni-Al-Cr alloy.  This chapter provides a basis of 
understanding for the development of more complex superalloy 
compositions. 
⇒ Chapter 10 presents a design of experiments including multiple compositions 
from an oxidation and hot corrosion perspective.  The alloys studied were for 
the first time modified with the strengthening elements: Re, Ta, W, and Ru.  
Additions of Cr and Pt were found to significantly influence the oxidation 
performance of the alloys. 
⇒ Chapter 11 investigates the microstructural ramifications of alloying with 
multiple strengthening elements and the extents to which the changes in Pt 
and Cr contents allow for heat-treatability and phase stability. 
⇒ Chapter 12 provides concise conclusions of the entire investigation and gives 
and holistic account of the results obtained to arrive at a range of target 
compositions that will be aligned with the project goals. 
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CHAPTER 2  SUPERALLOY OVERVIEW 
 
 
2.1 Superalloy Overview 
2.1.1 Basic Elements and Structure 
In more recent years, superalloys have moved away from Fe-base, and (Ni,Fe)-base 
to a purely Ni-base due to more attractive properties at higher temperatures, 
however recent single-crystal compositions have upwards of 15 at% Co and could be 
considered a (Ni,Co)-base.   Fe and (Fe,Ni)-base alloys still are widely used in 
industrial settings where cost is a larger issue and weight is not.  Co-base alloys are 
also used where specific corrosion may occur.1,2  Use of Ni-base alloys and their 
development have generated an increase in operating temperature from 740oC with 
Nimonic 80 to upwards of 1100oC for TMS-162; see Fig. 2.1. 
 
 
Fig. 2.1 Increases in operation temperature over a chronological timeline and the associated 
processing advances. 13 
 
The methods of strengthening superalloys have also changed over the years.  First 
generation superalloys were generally solid-solution strengthened (Fe,Ni)-base 
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alloys and were very similar to stainless steels.  Improvements were needed due to 
the low corrosion resistance of these alloys at elevated temperatures.  It was also 
found later that grain-boundary pinning using carbides was an effective way to 
increase the creep resistance properties of the alloys.216  Directional solidification  
(DS) alloys were developed to reduce the critically resolved shear stress (CRSS) that 
is associated with high-angle grain boundaries and greatly increased the creep 
resistance of Ni-base alloys. 
Single crystal (SX) fabrication became feasible using vacuum induction melting 
techniques and again creep resistance was improved due to the complete removal of 
grain boundaries.  This totally eliminated creep by grain boundary sliding.  Other 
than the grain structure, Ni-base SX alloys are predominantly precipitation-
strengthened alloys.  The precipitates are used to prevent dislocation movement 
through the alloy, which then becomes one of the main creep mechanisms after 
removing grain boundaries.  For a detailed approach on the dislocation interactions 
with strengthening mechanisms the reader is referred to Ardell.215 Current Ni-base 
superalloys consist of a Ni-Al base within the two phase γ+γ’ region.  The Ni-Al 
binary is shown in Fig. 2.2.7  The γ-Ni phase is the parent or matrix phase while the 
γ’-Ni3Al coherent intermetallic is the strengthening precipitate phase.1-8  These Ni-
base alloys can have up to 40 wt% of other elements added to them for the 
properties needed.8 
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Fig. 2.2 The binary Ni-Al phase diagram 
 
2.1.2 Gamma (γ) Phase 
γ-Ni is a disordered FCC crystal much like other common FCC transition metals.  It 
inherently does not have a higher modulus than most other metals near it on the 
periodic table.  However, γ-Ni is the by far most popular choice for the base of all 
high-temperature, high-performance applications.  Ni having a nearly filled third 
electron shell will allow for large amounts of alloying without phase instability.13  
The solubility of Al increases in γ-Ni as a function of temperature as seen in Fig. 2.2.  
This change in Al solubility allows for the solutionization of the alloy to single-phase 
followed by rapid cooling and subsequent intermediate aging to precipitate the 
strengthening intermetallic Ni3Al phase.  Despite its complexities, Ni-base 
superalloys follow the classical precipitate and age practice.21 The γ-Ni phase, as a 
result of being a disordered structure is by far weaker than the γ’-Ni3Al intermetallic 
phase,8 therefore steps must be taken to strengthen the γ-Ni phase.  This is most 
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commonly done with solid-solution strengthening elements such as Mo, Re, and 
W.1,2,8   
2.1.3 Gamma Prime (γ’) Phase 
The γ’-Ni3Al phase has an ordered L12 FCC crystal structure with a Ni sublattice that 
sits on the faces and an Al sublattice that sits on the corners of the unit cell 
respectively. (see Fig. 2.3) 
 
Fig. 2.3 The ordered L12 γ′-Ni3Al unit cell showing the Ni and Al sublattice 
 
 The γ’-Ni3Al phase is an interesting intermetallic, like many other ordered 
intermetallics, it has remarkable strength to resist dislocation movement through 
itself.  This strong resistance to dislocations is caused by the creation of anti-phase 
boundaries (AFB).  If the γ’ is to shear, the next nearest neighbors within the ordered 
cell are are at a much higher energy.1,2 Anti-phase boundaries generate an array of 
complex stacking sequences including: superlattice intrinsic stacking faults (SISF), 
complex stacking faults (CSF) and superlattice extrinsic stacking faults (SESF), each 
of which has an energy barrier associated with its generation. 9,10,20 This explains 
why shearing of the γ’ precipitates takes much more energy than a common 
disordered second phase. What makes γ′-Ni3Al interesting is that along with its very 
high resistance to particle shearing, its strength increases as temperature increases.11  
This behavior is considered “anomalous” as most deformation mechanisms are 
thermally activated.14 This anomalous behavior has been readily observed and what 
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makes its use very attractive to alloy developers when needing a high temperature 
alloy.11,12  The γ’-Ni3Al phase also has inherent ductility due to its relatively simple 
unit cell and crystal structure; therefore it is not an initiation site for cracks. 
 
2.1.4 Superalloy Microstructure 
A typical γ+γ’ microstructure in Ni-base superalloys is shown in Fig. 2.4.  The γ and 
γ′ have an orientation relationship of  
{100}γ //{100}γ′ 
〈010〉γ //〈010〉γ′ 
which is referred to as the cube-cube orientation relationship,13where the planes and 
directions of both FCC lattices are aligned.   
 
Fig. 2.4 Typical microstructure of CMSX-4, a 2nd generation single-crystal superalloy.  The γ′  
(bright phase) has a very high volume fraction. 13 
 
The lattice parameters of each phase however are slightly different yet remain 
coherent on all faces.  This coherency however does induce a strain which arises 
from the difference in lattice parameters or the lattice mismatch, δ. 
><
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where ap and am are defined as the lattice parameters of the precipitate and  matrix 
respectively and <a> as the average lattice parameter.  There are a few key factors 
that need to be considered when it comes to the desired microstructure.   
⇒ the volume fraction of γ’ (fγ′)  
⇒ the lattice misfit (δ) between γ and γ′ 
⇒ the partitioning of elements between the two phases 
all of which can vary a great deal.  As one can assume, these changes in 
microstructure affect the properties and therefore the performance of the material. 
Each of these factors will be considered in the following sections and how they relate 
to the mechanical properties of Ni-base superalloys. 
In addition to the mechanical properties, the volume fraction of γ′ and partitioning, 
and hence composition, of each phase play an important role in the oxidation 
behavior of the alloy.  Different constituents of each phase will oxidize 
microscopically at different rates due to different compositions.  Therefore, 
differences in the the volume fraction of the Al-rich γ′-Ni3Al phase will change the 
macroscopic oxidation of the alloy.  While Al-rich scales of NiAl2O4 or Al2O3 may 
form above the γ′ phase, Ni and possibly Cr-rich scales of  NiO will form above γ-Ni.  
This microscopic difference in oxidation behavior can only be seen in extremely 
short-term oxidation experiments (~1-3 min.).152 This short-term behavior can dictate 
to a large extent the initial stages of oxidation which are very important when 
forming a protective oxide scale.  The oxidation characteristics of superalloys will be 
thoroughly discussed in Chapter 3. 
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CHAPTER 3 MICROSTRUCTURE/CREEP RELATIONSHIP 
 
3.1 Background on High Temperature Creep 
Creep behavior is one of the most thoroughly studied aspects of Ni-base superalloys 
their high creep resistance close to the Tm.13,27,30,31,32  Much discussion and debate 
continues as to the factors that affect creep behavior as well as optimizing those 
factors.  It is worth noting that the mechanisms of creep and low-temperature plastic 
deformation are similar, however they have aspects which make them different 
when optimizing a microstructure. These factors will be discussed in detail as well 
as the effects they have on creep resistance. 
The latest generation cast superalloys operate at homologous temperatures that are 
at 0.75Tm or slightly higher.13  Despite these very high temperatures, the normalized 
applied stress is quite high.  A deformation mechanism map for MarM-200 is shown 
in  Fig. 3.1 with a grain size of 1 cm.14 
 
Fig. 3.1 MarM-200 deformation mechanism map for a grain size of 1 cm14 
 
 
MarM-200 is an early generation superalloy, which operated under cooler conditions 
than its newer superalloys predecessors do.  Using the this map as a guide, an 
increase in homologous (Toperation/Tmelting) temperature would push the primary 
13 
deformation mechanism into the power-law creep regime under the same stress 
conditions and is considered to be the primary mechanism of the latest 
superalloys.13   
Power law creep is defined as a three-stage creep deformation.  The first stage or 
primary creep is expressed by the introduction of dislocations into the system 
thereby forming a dislocation network (i.e. sub-grain structure).   The second phase, 
or steady state, occurs when the sub-grain structure of the alloy is already present 
and the dislocation density is constant as the rate of dislocation annihilation and 
generation are equal.  The steady state creep rate is generally characterized by13 
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where the strain rate is a function of the stress.  A and m’ are usually constants and 
QC is the activation energy.  The exponent m′ is ~5, therefore the steady state creep 
rate is a function of stress to the 5th power.  The final stage or tertiary creep is 
defined as when the sub-grain structure breaks down due to loss of cross section 
through creep cavitation at grain boundaries. Creep curves for multiple derivatives 
of TMS-75, a 3rd generation superalloy are shown in Fig. 3.2.13  
 
 
Fig. 3.2 TMS-75 and its derivatives crept at 1100oC and 137 MPa13 
14 
It can be seen in Fig. 3.2 that the time associated with primary and tertiary creep is 
relatively short compared to the steady state.  It is interesting to note that all curves 
in Fig. 3.2 only have small changes in Mo and Ru compositions showing that 
relatively small changes in composition can have a large influence on creep 
resistance. 
 
3.2 Microstructural Effects on Creep 
3.2.1 Precipitate Misfit and Size 
The lattice mismatch of γ’ with the matrix γ phase is also less than 1%, which allows 
for low r* values of critical nucleation size during precipitation within a SX blade or 
alloy resulting in an evenly distributed microstructure of precipitates.  This evenly 
distributed γ’ gives very uniform mechanical properties throughout the blade and 
hinders coarsening of the precipitates.      
One of the main differences in microstructure is the precipitate misfit with the 
matrix.  As shown in Eq. 3.114, the increase in shear stress during early precipitation 
is:  
2
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where τcoh is the shear strength, δ is the lattice misfit, G is the shear modulus, r is the 
precipitate radius, f is the precipitate “concentration”, and b is the Burger’s Vector. 
According to this expression, the shear stress required to move a dislocation is 
proportional to the absolute value of the misfit strain δ, defined in Eq. 1.1. 
It can be inferred that large coherency stresses due to lattice mismatch inhibit 
dislocations from moving.  Grose and Ansell found not only does this misfit stress 
play a role in dislocation interactions, but it also can change the deformation 
mechanism.15  They found that when misfit stresses are high, dislocations tend to 
15 
extrude though the γ-Ni matrix channels in an Orowan-type mechanism.  Orowan 
proposed that the stress required to bow a dislocation between to hard particles is  
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where λ is the particle spacing.16  Using Eq. 3.2, it can be inferred that the particle 
spacing along with coherency strains, will contribute to the creep resistance.  It 
would be assumed then, in order to reduce creep rates, large misfit stress with small 
particle spacing would be advantageous to increasing creep rupture life.   
The basic Orowan mechanism does not hold true for superalloy microstructures 
however.  One fundamental assumption made by Orowan was that the particle 
radius is much smaller than the spacing between them.  This condition is not met in 
superalloys.  Superalloy microstructures tend to have particles with an average 
radius of approximately 300-600 nm with an average spacing of 40-50 nm.  This 
results in radii which are an order of magnitude larger than that of the precipitate 
spacing.  Therefore, other factors must be considered when modeling an Orowan 
type mechanism for superalloy dislocation movement.  Despite the limitations, 
conclusions supporting this statement have been reported in the literature.   Zhang 
et al. concluded that a large misfit will generate a denser dislocation network which 
is crucial to reducing creep rates.17  Most findings have shown that higher misfits, 
although increasing the stress needed for dislocation movement, are overshadowed 
by the low stability of the precipitates.  The generally accepted expression for 
particle coarsening is given by  
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 Eq. 3.3 
 
 
Different models have been derived based on a diffusion limiting mechanism to 
determine the variables that are contained within the rate constant k.  One such 
16 
model is the Brailsford-Wynblatt Encounter Modified (BWEM) model.  According to 
the BWEM model,18 the rate constant k is defined as 
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where Vm is the molar volume, D is the solute diffusion coefficient, Ce is the 
equilibrium solute content, Rg is the gas constant, T is temperature, γ is a volume 
fraction dependent parameter,R is the mean particle radius and Rc is the critical 
particle radius.  The important observation to make upon examination of Eq. 3.3 and 
Eq. 3.4 in terms of lattice misfit is that the interfacial energy (σ) is proportional to the 
rate constant.  The interfacial energy is comprised of the elastic strain energy and the 
chemical interfacial energy. The chemical interfacial energy of the γ/γ′ interface is 
very small (14-40mJ/m2)175,176 such that the dominating factor influencing the 
interfacial energy is the misfit strain energy. It can therefore be concluded that as the 
precipitate misfit increases, so does the coarsening rate.     
Carry and Strudel found that the same alloy, having different size precipitates, can 
vary dramatically in its creep resistance.19 Fig. 3.3 shows their results of precipitate 
size 0.2 µm for treatment T1 and 1.0 µm for treatment T2.  
 
Fig. 3.3 Influence of precipitate size on creep behavior19 
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Eventually precipitates can become semi-coherent, which can be detrimental to 
creep resistance by acting as dislocation sources.1,20  Using a Gibbs Free Energy 
approach21, the critical radius at which a particle will become semi-coherent can be 
approximated as 
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As shown by Eq. 3.3-3.5, the coarsening rate increase with lattice misfit and the 
radius at which the particle will become semi-coherent is inversely proportional to 
the lattice misfit.  While semi-coherency can cause a loss of creep resistance, Gell and 
Duhl22 found that a correlation exists between precipitate size and deformation 
mechanism.  They found that as precipitates become larger than approximately 400 
nm, the deformation mechanism switches from particle shearing to an Orowan-type 
looping mechanism.        
If high misfit stresses are detrimental to creep resistance due to low stability, than 
low misfit precipitates must be used.  When low misfit stresses are present particle 
shearing seems to be the primary deformation mechanism.15  In such a case, 
precipitate strength will be the dominant factor is resisting dislocation motion.20  
Multiple experiments have shown that the highest resistance to creep deformation is 
when the mechanism of deformation changes from an Orowan-type particle bypass 
mechanism to a particle shearing mechanism.   
When considering the shearing of the γ′ precipitates, many other factors must come 
into play.  Many of these factors are out of the scope of this paper.  However, one 
critical factor that is assessed is the presence of the APB’s within the precipitates.  
Because of the high APB energies, γ′ has a large CRSS associated with it.  The 
anomalous behavior discussed previously increases the CRSS with temperature up to 
approximately 760oC.  Dislocations can actually reduce the APB energy by cross-
slipping from the octahedral plane to the cube plane, but in doing so it becomes 
immobilized preventing further dislocation motion.22   At lower temperatures slip 
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occurs mostly on (111)[-101].  After 760oC, the CRSS decreases as a result of the 
thermal activation of (001)[-110] slip systems within the ordered phase.20  
Compositional changes within an ordered structure can have large effects on the 
magnitude of APB’s and therefore on the particle shear resistance.   It has been 
shown by Curwick23 that Ta will increase the CRSS on of Ni3Al at all temperatures 
thus increasing the shear resistance of an alloy.  It is interesting to point out that 
(Ni75Pt25)3Al has approximately a two fold increase in hot hardness over that of 
Ni3Al.24  With the current development of novel Pt-modified superalloys for there 
enhanced oxidation resistance, one may expect these Pt-modified alloys to also have 
good mechanical strength as well.   
Multiple experiments have been conducted to examine proposed mechanisms for 
the effects of particle size and misfit on the creep behavior of Ni-base superalloys.  
As shown, both misfit stress and particle size play a role in the deformation 
behavior.  However, it cannot be ignored that these two parameters are dependent 
on each other.  The misfit strains increase with precipitate size, which will induce a 
precipitate shape change to reduce this strain.25  In accordance with the increase in 
stress, the deformation mechanism changes to an Orowan-type.15  It can then be 
concluded that precipitate stability, not just size is required for creep resistance.  
Instability creates large misfit stresses, which can change the deformation 
mechanism of the creep behavior.  Reports such as that by Maniar and Bridge26 
concluded that misfit values close to zero are optimal for high-temperature creep 
resistance, which further supports the above statement.  
As mentioned, the lattice misfit between the precipitate and the matrix is a key 
parameter when optimizing for the creep resistance.  It was deduced that the lattice 
misfit should be relatively small to reduce the amount of precipitate coarsening, 
which can be detrimental to creep resistance; see Fig. 3.3.  It was not mentioned 
whether or not the sign of the misfit is important.  In fact, the sign of the misfit is 
crucial when optimizing for creep resistance.  One of the first to study the effect of 
mismatch on creep resistance was that of Maniar and Bridge.26 A summary of their 
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results is given in Fig. 3.4. The results indicate that a slightly negative misfit (i.e. γ 
lattice is larger than the γ′ lattice) is conducive to a much longer rupture life than a 
slightly positive misfit. 
 
Fig. 3.4 Effect of γ /γ′  mismatch on the rupture life.26 
 
3.2.2 Volume Fraction 
Another factor, which is not taken into account by a simple Orowan-type 
mechanism, is volume fraction.  As presented in a previous section, an assumption 
for an Orowan-type mechanism is the particle radius much smaller than the particle 
spacing, hence a low volume fraction.  Modern cast superalloys contain well over 
50% of the precipitate γ′ phase.  A systematic study was conducted by Murakumo27 
et al. on the effects of volume fraction.  His results, along with those of Harada28 et 
al., are presented in Fig. 3.5.   
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Fig. 3.5 Correlation between γ′  volume fraction and creep rupture life27 and for Inconel 713C28 
 
The volume fraction of γ’ has a large impact on the creep rupture life of Ni-base 
alloys.  Early studies indicate that the larger the fγ′  the larger the rupture life (from 
15-60%).1,29  Rupture life does not however increase with fγ′ all the way to 100%.  It 
has been determined that it is not just the γ’ itself that strengthens the material, but 
rather the γ/γ’ interface that strengthens the material.  Too large an amount of γ’ will 
decrease the overall area of γ/γ’ interface and thus reduces the creep rupture life.  
Therefore a given fγ′ will give the highest creep rupture life, which is between 65-70% 
.8,30  
Their results show a distinct peak increase in rupture life at a volume fraction near 
65-70% volume fraction γ′.  Interpretation of these results by Murakuma et al. is that 
superalloy strengthening is determined by the amount of γ/γ′ interface.20,27  As the 
volume fraction of γ′ reaches a critical value, the precipitates start become larger 
causing the amount of γ/γ′ interface decreases.  Murakumo et al. also noted that the 
drops in creep rupture life for the single crystal alloys were more dramatic then 
those for the Inconel polycrystals.  It is hypothesized that this difference is due to the 
activation of other creep mechanisms such as grain boundary sliding in the 
polycrystal alloys.  This type of behavior is for dislocations extruding through the γ 
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channels.  If the main dislocation motion mechanism is dislocation climb, volume 
fraction can have other effects.  According to  adek31 the amount of diffusional 
transport needed to change the length of a dislocation (ΔL) is related to the volume 
fraction (f) of the precipitates.  The ratio of ΔLlocal to ΔLgeneral is related by 
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The ratio of ΔLlocal to ΔLgeneral against volume fraction and is plotted in Fig. 3.6.  A 
competition between kinetically driven diffusion and stress-induced climb occurs.  
For oxide-dispersion strengthened (ODS) alloys, with volume fractions of 2%, climb 
over particles is mainly carried out locally due to the kinetically slow process of 
mass transport required for general climb.  However, in superalloys, where volume 
fractions can be up to 70%, general climb stress is very close to that of local climb 
stress.   
 
Fig. 3.6 Plot of dislocation extension for local and general climb as a function of volume fraction31 
 
When dislocation climb is present in superalloys, the dislocations can move over the 
precipitates in a cooperative manner.31  This cooperative motion causes less 
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dislocation extension needed for movement.  This dislocation extension is directly 
related to the shear stress therefore reducing the stress needed for dislocation climb 
to occur. Fig. 3.7 shows a qualitative relationship that was determined by Gell and 
Duhl22 as shown. 
 
Fig. 3.7 Effect of γ′  size on the creep rupture life by Gell and Duhl22 
 
This change in mechanism was not taken into account by Murakumo et. al.27  
According to  adek31 the interfacial energy of a γ/γ′ interface is an order of 
magnitude less than the γ′ APB energy, suggesting that the mechanistic effects of 
volume fraction are not necessarily limited to the overall length of γ/γ′ interface.    
 
3.2.3 Rafting of Superalloy Microstructures 
More recently, experimental observations have shown that rafting of the cuboidal 
microstructure occurs during creep tests and is responsible for the reduced creep 
rates. A typical rafted microstructure by Reed et al.32 is shown in Fig. 3.8.   
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Fig. 3.8 Typical rafted microstructure of a γ+γ′  CMSX-4 superalloy32 
 
There is still debate on the driving forces associated with a rafted microstructure.  
Most theories attribute the rafting to a material reaction to an applied stress.  
However, whether the interaction is a purely elastic or an elastic-plastic 
phenomenon is the focus of much research and is out of the scope of this paper.  The 
mechanisms of why rafted microstructures resist creep are still under investigation.  
Using TEM of post-creep samples, Reed et al. presented the hypothesis that the 
rafted structure prevents climb of the {111}<1-10> dislocations past the γ′ particles.32  
As presented in a previous section, the coarsening of the γ′ particles can be 
detrimental to the creep resistance of the alloy.  It has been found that the rafted 
type structure is very stable if consisting of approximately equal amounts of γ and γ′, 
thus reducing detrimental effects of coarsening.27  According to Murakumo et al., if 
the one phase has a larger fraction then the other, thin rafts of the secondary phase 
will result and will be sheared by dislocations more easily.  After shearing of the 
rafts, tertiary creep will occur and rupture will follow soon after.27 
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3.3 Takeaways 
Many different factors affect the creep resistance of a Ni-base superalloy, the major 
being the lattice parameter misfit and the volume fraction.  The affects that each 
factor have on the creep mechanisms can be quite complex.   
• Lattice misfit can change the dislocation mechanism from an Orowan-type 
mechanism to a particle shearing.  Particle shearing mechanisms are very 
complex due to the existence of APB’s within the ordered precipitates.   
• The misfit can change the coarsening kinetics causing large particles, which can 
be detrimental to creep resistance by allowing Orowan looping.   
• Volume fractions larger than 2% are out of the Orowan strengthening equation 
realm and are not as relevant.  Large volume fractions can cause a general type 
dislocation climb mechanism, reducing the needed shear stress to climb.   
• Lattice misfits of negative sign result in higher creep resistance due to a rafting 
type mechanism which inhibits dislocation motion on certain crystallographic 
orientations.        
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CHAPTER 4  NI-BASE SUPERALLOY ADDITIONS AND THEIR 
EFFECTS ON SURFACE STABILITY 
 
4.1 Superalloy Oxidation History 
 As previously mentioned, refractory element additions have continued to increase 
in superalloys to increase operating temperatures.  There have been multiple 
reviews showing the effects of alloying additions such as Cr, Al, Ti, Si, and Mn to 
superalloys and their effects on oxidation,33,34,35 unfortunately compilations of work 
on studying refractory element additions and their effects on oxidation resistance is 
lacking.36,37,38,39,40,41  This lack of data gathering has hid an understanding of 
refractory element additions which can be used toward the development of a new 
generation superalloy with excellent oxidation resistance. 
 
4.2 Protective Scale Formation Requirements 
The formation of a protective scale is essential for oxidation resistance of high 
temperature alloys.  Scales such as Al2O3, Cr2O3, and SiO2 are almost exclusively 
used in high temperature materials.  The focus of this review will be on alloys which 
form Al2O3 scales.  This oxide is very stable compared to base metal oxides (ie. NiO, 
CoxOy, FexOy) and have slowing growing parabolic kinetics.  Thermodynamically 
speaking, any alloy containing either of these elements, even in concentrations down 
to 1ppm, should form a protective scale.  Obviously this is not what is observed in 
practice.  Wagner185 derived an expression for the critical concentration of B solute 
atoms (ie. Cr or Al) needed to form a protective BOν scale   
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where NODO is the oxygen permeability in the solvent, DB is the solute diffusivity, g* 
is the necessary volume fraction of oxide for transition from internal to external 
formation, and VM and VOX are the molar volumes of the alloy and oxide 
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respectively.  Despite the fact that these relationships was derived for a binary 
system, many of the physical aspects can and have been applied to more complex 
alloys.  Wagner’s theory also predicts the concentration of B solute atoms needed to 
sustain the growth of the BOν  scale; however this value has been of less consequence 
in the past as long as oxide spallation does not occur. New geometrical designs of 
turbine components however, have pushed the wall thickness thinner to increase the 
effectiveness of air cooling mechanisms.  These thinner walls decrease the solute 
reservoir to the point where scale spallation or fast growth kinetics may induce 
intrinsic chemical failure or non-protective oxidation after short lifetimes.   This 
value in practice is of less concern than that needed to form the scale however 
should not be ignored if cyclic conditions exist or spallation is excessive.  
 
4.3 Third Element Effects (The Case of Cr in Ni-Al) 
Elements such as Al, Cr, Ti have been added in various amounts to the Ni-Al binary 
system for strengthening and oxidation resistance.  Experimental results from 
Pettit42 concluded that for exclusive Al2O3 formation in Ni-Al binary alloys, NB* ≥ 
17%Al.42  At this critical amount, the flux of Al to the surface is sufficient such that 
the nuclei of Al2O3 particles “link up” and produce the protective scale, which 
inhibits outward diffusion of non-protective oxidizing constituents.  Pettit also 
determined, maybe more importantly, that to sustain the protective Al2O3, a critical 
concentration, NB*, was increased to ~30at.% in the 1000-1200oC range. It was 
determined the temperatures above this range extend the critical concentration 
significantly lower.  A fundamental understanding of oxidation within binary 
systems has been well defined in many cases and can be predicted with a high 
degree of certainty.  In contrast, higher order systems which contain ternary and 
higher alloy additions become extremely complex and rigorous oxidation treatments 
of such are very difficult.43  Besides Al, Cr has been studied significantly in the past 
and has helped to shed light on the third element effects on oxidation.  The addition 
of Cr to the Ni-Al system was considered to be the first superalloy and was 
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developed in the 1950’s.  Cr has a profound effect on the oxidation behavior of the 
Ni-Al system because it enables smaller additions of Al to be added while still 
producing an external Al2O3 scale.  Large amounts of Al can cause the system to 
become brittle and therefore a smaller amount of Al becomes advantageous.  Oxide 
maps of the Ni-Al-Cr system from multiple works44, 45 , 46 were reviewed47 and 
showed distinct trends in weight gains and oxide make-up.  These experimentally 
determined maps clearly show the beneficial effects of Cr on the oxidation resistance 
of the Ni-Al system.  By adding approximately 10 wt% Cr, the amount of Al needed 
to form a protective Al2O3 scale is reduced from 17 wt% in the Ni-Al binary, to 5 
wt% with the addition of Cr.47  
 
Fig. 4.1 Effect of Cr on the formation of Al2O3 scales at 1100oC45 
 
A few mechanistic effects of Cr have been proposed for the observed oxidation 
behavior.  One such effect is known as the “oxygen gettering” effect, whereas a thin 
transient Cr2O3 layer forms, decreasing the partial pressure of oxygen at the 
scale/alloy interface thus promoting the formation of an Al2O3 scale.  For the 
detailed mechanism of oxygen getter the reader is referfed to.48  Another study by 
Guan et al. 49  noted that Cr additions reduce the oxygen solubility of Ni-Al 
sufficiently to assist in Al2O3 formation without sufficient Cr to actually form Cr2O3. 
This may be partly supported by the experiments of Golightly et al.50 who failed to 
find Cr within the Al2O3 scale on Fe-Cr-Al alloys.  Other ternary additions such as 
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Mn,51 Si,52 and Ti,53 which should also produce this oxygen gettering effect, did not 
facilitate the formation of Al2O3 scales.   
Another proposed mechanism is the effect of Cr on the interfacial energy between 
the Al2O3 particles and the alloy.  As mentioned in Eq. 4.1, g* is the critical volume 
fraction of oxide needed to transition for an internal to an external scale.  The g* term 
is generally taken to be 0.30 determined in the Ag-In system at 550oC by Rapp.54 
Unfortunately in light of his work, little has been done to characterize g* in other 
systems.  The convention throughout literature of using a universal g* term is 
convenient; however it may prove to be misguided.  Internal oxide morphology 
observed in the Ni-Al system, which are needle like and protrude down into the 
alloy, is distinctly different than those observed in the Ni-Al-Cr system which are 
more spherical in shape.  This change in morphology could be due to the effect on 
the oxide/alloy interfacial energy, thus changing the g* term and consequently the 
NB* value. This hypothesis has never been experimentally confirmed however.   
Obviously, Cr is not the only addition made to Ni-Al binary, in fact the latest 
generation superalloys contain up to 8-10 elements.  Each element will have its own 
third element effect on oxidation along with multiple interaction effects with each 
other.  A more complete understanding of alloy oxidation as a whole can be 
interpreted from a large number of experimental data.  With each next generation of 
superalloys, refractory element contents continue to increase.  The 2nd generation 
alloys Rene N5 and CMSX-4 contain 3 wt% Re along with additions of W, Ta and 
Mo, while the newest Japanese alloys can contain up to 7 wt% Re.  Effects of Mo, W, 
Nb, Ta, and Re will be reviewed based on their effects on Cr2O3 and Al2O3 scale 
formation. 
 
4.4 Oxidation of Refractory Containing Alloys  
4.4.1 Mo Effects on Oxidation 
As alloys developers pushed to increase the operating temperatures of turbine 
engines, the use of Al2O3 as a protective scale was implemented.  Above 
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approximately 1000oC Cr2O3 can oxidize and become volatile in the form of CrO3.  
Also, the temperature needed for Al2O3 formation is approximately 1000oC; 
therefore it was a natural progression to move toward Al2O3 forming alloys at 
higher temperatures.  As mentioned in the previous section, reactions of MoOx with 
Cr2O3 were detrimental to oxidation resistance.  Now with Al2O3 scales, one must 
assess the interactions between it and MoOx.  Fewer studies have been conducted on 
the effects of Mo on Al2O3 forming alloys, however present results are promising.  
The addition of 4 wt% Mo to Ni-8Cr-6Al, an Al2O3 forming alloy, showed little effect 
at 1000oC indicating that the formation of an Al2O3 scale increased the resistance to 
catastrophic oxidation, however it is not known if the atmosphere was flowing or 
static.  The beneficial effects of Al2O3 scale formation were also seen by El-Dahshan 
et al.55 who observed detrimental effects of 1-10 wt% Mo on the oxidation of Ni-Cr 
alloys between 800oC-1000oC, however when 3-5 wt% Al was added to make the 
alloy an Al2O3 former, no detrimental effects were observed.  Barrett found similar 
results in alloys that were Al2O3 formers56 and the oxidation of three commercial 
superalloys also showed that the negative effects of Mo could be reduced when 
Al2O3 was present even at 750oC.57   
Theories as to why Al2O3 forming alloys produce better results than Cr2O3 forming 
alloys, in the presence of Mo in the alloy or MoO3 vapor, can be useful in helping 
alloy designers avoid composition spaces which can have catastrophic oxidation. 
The presence of MoO2 in the scale has been shown not to initiate catastrophic 
oxidation,58 however the oxidation of MoO2 into MoO3 by oxygen short circuit 
diffusion through the scale has been shown to cause catastrophic oxidation.59,60 
Therefore, if the protective scale can keep the partial pressure of oxygen at the 
scale/alloy interface sufficiently low to inhibit the formation of MoO3, then the 
detrimental effects of Mo additions will not be seen.  One study on Fe-4 at% Al even 
observed that additions of Mo enhanced the formation of Al2O3 scales61 however the 
evidence was not substantial.     
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Little mention is made throughout the literature on solute element interdiffusion 
coefficient sensitivity in the presence of Mo.  Slow diffusion rates of the protective 
scale solute elements present in the alloy could also prevent protective scale 
formation.  Most systems, which have shown poor oxidation resistance, have shown 
evidence of the protective scale at some point within the alloy lifetime indicating 
that Mo may not reduce the interdiffusion coefficient to the extent of preventing 
protective scale formation.    
 
4.4.2 W Effects on Oxidation 
The effects of W additions on Al2O3 scale formation are scarce throughout the 
literature much like Mo additions.  Smeggil and Bornstein62 oxidized high W and 
Mo containing Ni-Al alloys in static and flowing air at 900°C.  All the alloys showed 
a multilayer scale consisting of NiO/Ni(Al,Mo,W)xO4/(Mo,W)O2.  No difference 
was seen between static and flowing air conditions indicating no catastrophic 
oxidation conditions were present even though spalling during thermal cycling did 
occur.  This is in contrast with studies by Barrett56 63 who suggested that the presence 
of rutile-type spinels on Al2O3 forming alloys enhanced, rather than degraded, the 
cyclic oxidation resistance.  In his studies, W was found to have slightly negative 
effects on alloy oxidation however these effects were not as significant as that of Mo. 
A couple of explanations as to why W is less detrimental than Mo in scale formation 
can be deduced. Surface segregation64 and low solubility of refractories in the parent 
metal oxide can cause high activity of the refractories at the scale/alloy interface.  
The high activities will eventually cause the refractories to oxidize in some form; 
therefore the stability of these oxides is crucial to maintaining the protective nature 
of the scale. The stability of W containing spinels (i.e. NiWO4, CoWO4) is higher than 
Mo containing spinels (i.e. NiMoO4, CoMoO4).  As previously mentioned, liquid 
oxide formation can be caused by low melting oxide eutectics below the oxidation 
temperature and can cause catastrophic oxidation of an alloy.  The eutectic 
temperatures of Mo oxides are below that of W oxides indicating the larger driving 
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force for liquid formation for alloys containing Mo with respect to alloys containing 
W.  In light of the presented literature data on the mechanistic effects of Mo and W 
on alloy oxidation, combined with the superior solid solution strengthening 
properties of W, it could be theorized that present alloy oxidation characteristics 
would improve by the substitution of Mo in the alloy with W.  
 
4.4.3 Nb Effects on Oxidation 
The effect of Nb on Al2O3 scale formation is somewhat similar to that on Cr2O3-
forming alloys.  At 800°C, Nb was found to be beneficial in facilitating the formation 
of an Al2O3 scale in Fe-4Al but had less resistance to spallation.61  In the empirical 
experiments by Barrett et al.,33 Nb was found to be detrimental to Al2O3 forming 
alloys.  This is in agreement with a newer study by Mikuni et al.,65 who found that 
additions of 5 at% Nb increased the time to Al2O3 formation on Ni-21Al at 900°C; see 
Fig. 4.2. 
 
Fig. 4.2 Effect of Nb addition of the oxidation kinetics of Ni-21Al alloys at 900oC65 
 
These oxidation tests however were heated up to the oxidation temperature at a rate 
of 10°C/min from room temperature.  At this rate, the time to reach the oxidation 
temperature would be approximately 1.5 hours.  During the time at low 
temperatures, parent metal oxides such as NiO could form.  It is possible that 
different results would be seen if the samples were put into a preheated furnace.  
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Regardless of heating rate, the Ni-21Al-5Nb alloy did not perform as well as the Ni-
21Al alloy.      
As mentioned, Nb can form a secondary phase in Fe, Co, and Ni base alloys due to 
its lower solubility.  In the directionally solidified Ni-Al-Nb alloy given in Fig. 4.3, 
the δ-Ni3Nb phase was present. 
 
Fig. 4.3 Directionally solidified Ni-Al-Nb oxidized at 700oC showing preferential oxidation66  
 
At 1100oC, a denuded zone of this phase formed and protective oxidation occurred.  
At 700oC however, Fig. 4.3 clearly shows the preferential oxidation of the δ-Ni3Nb 
phase.66  This is a clear example of how compositional variations can cause phase 
changes which can dramatically alter alloy oxidation.  It also indicates that at lower 
temperatures, if the flux of Al is insufficient, other constituents start to oxidize and 
performance can actually be worse.  
The addition of Nb to most high temperature alloys will not facilitate the formation 
of a protective scale due to the low driving force and kinetics of Nb containing 
spinels, which would lower the oxygen partial pressure.  If sufficient Al and/or Cr is 
present the effects may be minor.  Large additions of Nb to an alloy may cause a 
phase change, which will have distinct oxidation properties that can significantly 
alter the overall oxidation rate of the alloy.            
 
4.4.4 Ta Effect on Oxidation 
Ta also partitions strongly to the precipitates in Ni-Al superalloys.  Ta is also used 
more frequently than Nb because it does not destabilize the γ′-Ni3Al precipitate 
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phase by forming a δ-Ni3Ta phase like Nb does.  Once it was determined that Ta 
could be used to strengthen γ′ precipitates in Ni-Al-based superalloys, there was a 
drive to reduce the amount of Ti.  It has been discovered that additions of Ti were 
detrimental to oxidation resistance at higher temperatures.33  A simple study found 
that replacing 1 at% Ti within superalloy AM3 with 1 at% Ta increased the oxidation 
resistance by forming a CrTaO4 layer at the scale/alloy interface.67  This is in 
agreement with multiple studies Barrett et al.,33,56,63 who have found that Ta 
additions reduce the oxidation kinetics.  These results are presented in Fig. 4.4; 
however the composition space of Ta is relatively limited. 
 
Fig. 4.4 Linear regression study indicating the increase in oxidation resistance by the addition of 
Ta to various Al2O3 forming alloys33 
 
The effect of Ta has also been confirmed by Li et al.68 who observed a decrease in 
oxidation kinetics at 1050oC by adding 3 wt% Ta to superalloy 601.  The decrease in 
oxidation kinetics is show in Fig. 4.5. 
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Fig. 4.5 Beneficial effect of Ta addition on the mass gain of superalloy 601 at 1050oC in air68 
 
Examination of the alloys did not indicate a CrTaO4 phase, which had been 
previously reported to be the reason for decreased kinetics.  There was however 
evidence that the addition to Ta promoted an α-Al2O3 scale to form, which was not 
present in the alloy without Ta.  This promotion of α-Al2O3 is in contrast to work 
conducted by Mikuni et al.,65 who saw in increase in transient oxidation of Ni-21Al-
5Ta at 900oC over Ni-21Al.  Once the α-Al2O3 scale was established however, the 
growth rate was lower for the Ta containing alloy.  At higher temperatures Ta has 
been found to form a Ta2O5 layer69  but has been relatively benign.70  At these 
temperatures, the formation of Al2O3 becomes easier and dominates the oxidation 
kinetics.  Ta has also been shown to segregate to the surface of the alloys increasing 
the local composition at the point of oxidation.64  It is noteworthy to mention that Ta 
can dramatically increase the volume fraction of the Al-rich γ′ phase within the Ni-
Al superalloys, and as previously stated, phase transformations within the system 
can have a large effect on oxidation of the alloy.  Therefore, further study would be 
required to determine if the additions of Ta increase the oxidation resistance 
stemming from Ta-containing spinels which facilitate the formation of protective 
scales, or from the increased volume fraction of the Al-rich γ’ phase.   
It is thought that the main difference in oxidation characteristics between Nb and Ta, 
despite their same outer shell electron configuration, is the ability of Ta to form 
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stable spinels with the other alloy constituents, CrTaO4 in particular.  Many of the 
alloys containing Ta have contained a Ta spinel in some form, while Nb containing 
alloys do not form such spinels, which are thought to reduce the oxygen partial 
pressure and help facilitate the formation of protective Cr2O3 and Al2O3 scales.71,72  
 
4.4.5 Re Effect on Oxidation 
Rhenium additions have only been introduced into superalloy compositions for 
higher temperature applications.  These applications are predominately Al2O3 
forming alloys and therefore no studies have been conducted on the effects of Re on 
Cr2O3 formation.  Re additions were first made popular in the 2nd generation single 
crystal superalloys for its effects on enhancing creep properties.73  As the later 
generations have been developed, more Re (up to 8 wt %) has been added for 
additional strength properties.  While 2nd generations superalloys have moderately 
good oxidation resistance, newer generation alloys have shown very poor oxidation 
resistance in cyclic tests due to scale spallation.  Therefore, an understanding of Re 
effects on Al2O3 formation may be the most prudent of all effects of refractories on 
oxidation at present.  
One of the first studies focusing on Re effects on oxidation was by Beele et al.,74  
their experiments were conducted on Re containing NiCoCrAlY coatings oxidized in 
air at 1000oC.  The change from 5 to 10 at % did not significantly change the 
oxidation kinetics, which may be caused by the sufficient amounts of Al and Cr to 
form protective scales.  The addition of Re did effect the microstructure of the 
coating by stabilizing the α-Cr and σ phases.  These phases, which are rich in Cr, can 
effect the transient oxidation period by forming Cr2O3 which is followed by the 
formation of Al2O3.  It is believed that the formation of the α-Cr and σ phases, which 
have CTE values similar to Al2O3, can increase the thermomechanical properties of 
the coating and therefore the lifetime.75 A later study by Huang et al. found not only 
does the Re improve the thermomechanical properties by the formation of α-Cr, but 
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that the oxidation kinetics improved as well.76  The mass gains of the two coatings 
can be seen in Fig. 4.6vwith the coating containing Re having a lower mass gain.  
 
Fig. 4.6 Oxidation mass gains of a NiCrAlY coating with and without Re at 1000oC76 
 
 
Fig. 4.7 Surface morphology of NiCrAlY oxide scales of a) with Re and b) without Re indicating 
cracking of the oxide76 
 
The reduced kinetics could be caused by the lack of scale cracking that was observed 
in the coating, Fig. 4.7b containing no Re, possibly due to the CTE mismatch.  
Another study found the Re facilitated the transition from the transient θ-Al2O3 to 
the α-Al2O3 decreasing the transient oxidation of NiCoCrAlY coatings at 1000oC.77 
The previous studies however, are for MCrAlY coatings which typically have a β+γ 
microstructure.  Superalloys contain a γ+γ′ structure where α-Cr formation is less 
likely.  A study on the effects of Re on superalloy oxidation conducted by 
Moniruzzaman et al.78 found that Re without Cr had large amounts of NiAl2O4 and 
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other transient oxides while small additions of Cr showed less spinels and formed 
an Al2O3 scale much sooner.  Since the Cr addition was needed to form a protective 
scale, it can be said that the oxygen solubility in the alloy was too high, or that the 
interdiffusion coefficient of Al was reduced by the addition of Re.  The same 
research group conducted a systematic study therefore on the specific effects of Re 
on the oxidation.79  They tested two sets of alloys, one containing 10 at% Al and one 
containing 15 at% Al each with varying levels of Re.  This to date has been the only 
such systematic test to observe the effects of Re.  The samples were then cyclically 
oxidized in air at 1100oC.  A summary of the oxidation kinetics is presented in Fig. 
4.8. 
 
Fig. 4.8 Systematic addition of Re to a superalloy containing 10 (A-group) or 15 (B-group) at% Al 
showing oxidation kinetics at 1100oC79 
 
The alloys containing 10 at% Al had progressively worse oxidation resistance as the 
amount of Re was increased from 0 at% to 2 at%.  It is worth noting that these alloys 
also progressively has less volume fraction γ′, which as previously mentioned, can 
have a large effect on alloy oxidation.  The alloys containing 15 at% Al did not seem 
to be effected by the additions of Re, as were the alloys with 10 at% Al; these alloys 
did however have a larger volume fraction γ′ as well.  The oxide scales of the alloys 
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containing Re were observed to be progressively more porous, which was attributed 
to the volatilization of Re2O7.  Their study concluded that a Re/Al ratio must be less 
than or equal to 0.1 in order prevent non-protective oxidation kinetics.   
Their qualitative observation of oxide porosity however has no real means of 
quantitative measurement and must be taken as such.  The reason for such porosity 
must also be called into question.  The activity of Re would be low given the low 
concentrations within the alloy and would prove difficult to oxidize by itself.  Ni-Re 
alloys needed upwards of over 10% Re to see ReO2 present in the scale.80  Their 
oxidation tests showed large amounts of mass loss, however these tests were cyclic 
in nature and it is impossible to tell if the mass loss was from Re oxide vapor or the 
given explanation of other oxide spallation.  They also concluded that Al2O3 
formation, relating to the standard free energy of formation, is the fastest and 
thereby forms first; while NiO was the slowest and forms last.  It is well known that 
this is not the case and that Al2O3 formation happens when the partial pressure of 
oxygen is sufficiently low beneath the NiO/Cr2O3 scale to facilitate no other oxide 
but Al2O3.   
 It is possible however that the oxidation resistance decrease is due to Re decreasing 
the interdiffusion coefficient of Al, such that Al2O3 formation was inhibited despite 
the presence of over 7 at% Cr.  This would be in agreement with Huang et al.81 who 
found that the addition of 4 wt% Re to a superalloy containing 6 wt% Al and 4.5 
wt% Cr decreased in oxidation resistance at 1000oC and 1100oC.  This result can be 
found in Fig. 4.9.  
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Fig. 4.9 Oxidation kinetics of superalloy DD32M (no Re) and DD32 (4 wt% Re) at 1000 and 
1100oC81 
 
Their experiments however were conducted on as cast alloys which had no 
solutionizing treatment and therefore the dendritic and interdendritic regions 
oxidized in completely different manners from solute rejection upon solidification.  
It therefore is difficult to predict what the results would have shown if the 
superalloy had been heat-treated.  It is interesting to note that the dendritic regions 
which had Re compositions upward of 5 wt% did not show any signs of Re oxide 
volatilization.81 
There have been observations of Re actually improving the oxidation resistance in 
certain experiments.  Oxidation of superalloy CMSX-10 by Chen and Little82 showed 
that Re did not enter the oxide scale, but did concentrate in the γ′ denuded zone 
beneath it.  The EMPA results of this enrichment zone can be seen below in Fig. 4.10.  
 
Fig. 4.10 EPMA results indicating the enrichment of Re in the γ′  denuded zone on alloy CMSX-1082 
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It was thought that Re slowed down the interdiffusion of elements such as Ti, which 
oxidize rapidly, from entering the Al2O3 scale and increasing its stability.  The 
substitution of Re for Mo in superalloy AM3 was also found to decrease oxidation 
kinetics.67 
The addition of Re to Al2O3 forming alloys clearly can have an effect on the 
oxidation resistance.79  If the flux of Al to the surface is sufficient to form an Al2O3 
scale, than the effects can be mitigated.  Analyses of oxidized alloys containing Re 
have yet to find it within the oxide scale. 79,81,82  It can therefore be speculated that Re 
does not take place within the oxidation of the alloy itself but affects the flux of Al to 
the surface.  The literature has not reported that Re will cause catastrophic oxidation, 
indicating that the presence of low melting oxide eutectics or Re oxide vapor is 
unlikely. 
 
4.4.6 Ru on Oxidation 
Ruthenium additions have only recently been made to Ni-base superalloys.  It has 
been shown to be beneficial for both increasing creep resistance and phase stability.  
The increase in phase stability is a result of “reverse partitioning”.  Ru has been 
shown to reduce the partitioning coefficient of elements such as Re which can cause 
phase instability and TCP formation.  It therefore becomes necessary to determine 
the effects of Ru on the oxidation behavior of Ni-base Al2O3-forming systems. 
Since Ru is a relatively new addition to superalloys, the literature on its effects on 
oxidation is not comprehensive.  Work conducted by Tin et al.116 showed that the 
addition of Ru was detrimental to the cyclic oxidation kinetics of Ni-base alloy C17 
at 1150oC.  This work however included lower amounts of Cr and no reactive 
elements.  Therefore the ability of these alloys to produce an exclusive Al2O3 scale is 
inhibited already, and as such, additional decreases in oxidation performance are 
suspect.  Similar work on low-Cr superalloys was conducted by Kawagishi et al.83 
on the effects of Ru.  As seen in Fig. 4.11, the addition of 2 wt% Ru to the superalloy 
was detrimental to the oxidation kinetics of the system at 1100oC.  It can be seen that 
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not only was the spallation resistance reduced but the transient oxidation kinetics 
are higher than those without Ru, indicating that the formation of the Al2O3 scale 
was also inhibited. 
 
 
Fig. 4.11 Change in cyclic oxidation characteristics of a Ni-base superalloy with and without the 
presence of Ru, indicating a decrease in scale adherence. 
 
These results are in agreement with Feng et al.84 as well.  Below is an example of 
their alloy containing 4 at% Cr and 6 at% Ru.  This alloy shows large oxygen ingress 
into the alloy surface with large amounts of internal oxidation.  The bright internal 
phases in Fig. 4.12 are shown to be W and Ta rich while the gray phase is Ru rich, 
however it was not determined if this was metallic Ru phase or Ru oxide.  Because 
of the porous nature, outward diffusion of Ni and growth of NiO is predominant.  
Other investigations have also shown that Ru can cause local pitting and NiO 
formation as well.85  
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Fig. 4.12 Oxide scale morphology of a Ru-bearing superalloy showing internal oxidation with Ru-
rich precipitates in the internal oxidation zone. 84 
 
 
4.5Takeaways 
Refractory additions of Mo, W, Nb, Ta, and Re have been assessed within the 
literature on the effects of protective scale formation.  The example of the third 
element effect of Cr in the Ni-Al system was presented as a case study for the 
refractory additions.  The effects of refractory additions were presented for Al2O3 
formation, which can have significantly different results.  In contrast to most 
refractory elements, PGM additions can be extremely beneficial in enhancing the 
oxidation and hot corrosion resistance of Ni-base superalloys.   
• The effect of Mo on Al2O3 forming alloys has been shown to be less severe 
and in some cases negligible.  The lower solubility of Al2O3 in Mo oxides, as 
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well as the higher melting point oxide eutectics is probably the cause of 
increased resistance to Mo oxides. 
• As alloys continued to be developed W became increasingly used as a solid 
solution strengthener.  Few studies have been conducted the effects of W on 
the formation of Al2O3 scales.  The data does indicate that W can have some 
negative effects although not as dramatic as Mo, probably due to the reduced 
diffusion rates of Al, causing longer transient oxidation stages.  Reasons why 
W is less detrimental than Mo may include the higher stability of W spinels 
over Mo spinels and the higher melting temperature of the oxide eutectics.  
Considering the mechanical property benefits of W, even compared to Mo, an 
alloy designer should consider the use of W over Mo when looking for solid 
solution strengthening in heat resistant alloys. 
• Nb can be used as a solid solution strengthener in Co-based alloys and will 
form an intermetallic compound in Ni-base alloys.  Nb oxidizes most often 
into Nb2O5 and does not easily form spinel type oxides.  Because Nb does not 
form stable spinels very readily, it may not reduce the oxygen partial 
pressure at the interface as much an element that does form spinels.  This can 
cause slightly negative oxidation resistance however the effects of which are 
not as significant as Mo and W.  At higher concentrations where Ni3Nb can 
form, it can preferentially oxidize and cause large amounts of oxygen uptake. 
• In contrast to Nb, Ta has been shown to be beneficial to oxidation resistance 
of both Co and Ni-based alloys.  Despite its similar electronic structure, Ta 
can readily form spinel type oxides, in particular CrTaO4, which can reduce 
the oxygen partial pressure at the scale/alloy interface to promote the 
formation of an Al2O3 scale.  Ta additions also do not promote spallation of 
the oxide scale, a further indication of the beneficial effects.  Microstructural 
stability of Ta is also more appealing than Nb as well because it does not form 
a Ni3Ta phase like Nb, which was shown to preferentially oxidize.  Ta does 
however increase the volume fraction of the γ′ phase in Ni-Al-based systems, 
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which can also aid in its beneficial effects.  It is noteworthy to mention that 
these effects were also seen in single-phase alloys as well.   
• The addition of solid solution strengthening to superalloys with Re has 
continued to rise as later generation alloys are developed.  Re is used in 
applications where the highest temperatures are seen for a metallic system; 
therefore Re additions are made strictly to Al2O3 forming alloys.  The 
incorporation of Re into the oxide scales of Al2O3 forming alloys has not been 
seen, however it is still up for debate whether the porosity of oxide scales is 
attributed to the volatilization of Re oxide.  It is clear however the Re does 
reduce the flux of Al to the surface causing more non-protective oxides to 
form.  If sufficient Al is present, or if other beneficial elements are added, 
than the effects of Re can be reduced.  Although Re additions can be 
detrimental to oxidation resistance, catastrophic oxidation of Re containing 
alloys has not been reported. 
• The use of Ru for reverse partitioning has generated its use in the newest 
generation single-crystal superalloys.  Its use however comes at a cost of 
oxidation performance.  All investigations have shown the detrimental affects 
of Ru on the alloy’s ability to form the protective Al2O3 scale and also on its 
reduction of spallation resistance.  It should be noted that the general trend of 
alloy development has continued to decrease the Cr content for reasons of 
phase stability, and as such, most superalloys that have been tested with Ru 
have very little Cr present and therefore have difficulty forming an exclusive 
Al2O3 layer without the presence of Ru. 
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CHAPTER 5  PLATINUM GROUP METAL (PGM)-MODIFIED NI-
BASE ALLOYS 
 
5.1 Why Platinum Group Metals? 
Through the 1960’s and into the 1990’s, superalloy operating temperatures increased 
rapidly as a result of alloy development, tighter process controls (e.g. directional 
solidified (DS) and single crystal (SX)), and thermal barrier coatings (TBC’s).  During 
this period of rapid development, it became more and more apparent that the high-
strength superalloys were going to need protective coatings that more readily 
formed an Al2O3 scale.  One of the first coatings used had a β-NiAl phase 
composition, which has a high melting point (1638oC7), decent phase stability, and a 
sufficiently high aluminum content to form an exclusive Al2O3 scale. [insert old 
reference here] However, during thermal cycling, Al2O3 scales formed on β-NiAl 
coatings have a tendency to spall, causing Al2O3 scale reformation and consequential 
enhanced aluminum depletion from the coating.  Lehnert et al.86 in 1972, was one of 
the first to evaluate the modification of β-NiAl coatings by means of first 
electrodepositing platinum prior to aluminization and thereby creating the “Pt-
modified β” (i.e. β-(Ni,Pt)Al) coating.  Their findings included the beneficial effect of 
platinum on Al2O3 scale adhesion during thermal cycling experiments.  So began the 
use of Platinum Group Metal (PGM) additions to alter the environmental resistance 
characteristics of Ni-base coatings. 
 
5.2 PGM-Modified γ+γ′ Alloys 
Using the results from Lehnert et al., the use of PGMs was looked at for other Ni-
base systems to determine if the beneficial effects were still observable.  The first 
PGM-modified “superalloy” study was conducted by Felten87 of Pratt & Whitney 
Aircraft on Ni-8Cr-6Al wt% base alloy. Such an alloy serves as a decent basis for all 
Ni-based superalloys in that it has a γ-Ni matrix and a fine distribution of γ′-Ni3Al 
precipitates.  The results presented by Felten, and reproduced in Fig. 5.1 showed 
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that Pt additions resulted in a substantial increase in scale adhesion during cyclic 
oxidation, particularly at temperatures greater than 1000oC.  
Beneficial effects were also seen by Felton with rhodium (Rh) additions; whereas 
gold (Au) was found to have no beneficial effect on scale adhesion.  Despite 
promising results of scale adhesion and increased environmental resistance at high 
temperatures, no mechanism for the Pt effect was given.  It was noted that whatever 
mechanism may be present; it by all accounts was most likely different than that 
seen in alloys containing “oxygen-active” elements such as yttrium.   
 
Fig. 5.1 Cyclic oxidation at 1200oC for first Pt-modified Ni-base alloys87 
 
 
Despite a lack of a mechanism that explained the beneficial effects of Pt additions to 
Ni-base superalloy type compositions Johnson, Matthey and Co. Ltd., UK filed a 
German patent in the same year88 for Alloy containing platinum group metals with a 
composition of Ni-Co-8Cr-5.1Al containing 5-15 wt% PGM. 
The development of PGM-containing Ni-base superalloys became attractive and was 
assigned to the Group Research Centre at Johnson, Matthey.  Corti et. al.89 provided 
the first published research to come out of Johnson, Matthey.  Their earliest work 
considered two wrought Ni-base alloys Mar-M200 and Mar-M007 and their PGM-
modifications (named RJM1020 and RJM1030, respectively, containing 10wt% Pt). 
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Fig. 5.2 Hot corrosion and cyclic oxidation of Pt-modified Mar-M alloys by Corti89 
 
As seen in Fig. 5.2, the Pt-modified Mar-M alloys showed increased resistance to 
scale spallation during cyclic oxidation tests at 1100oC.  These data show the 
beneficial Pt-effect can be extrapolated to fully developed compositions, not just the 
model system presented by Felten four years earlier.  In addition to the agreement 
with Felten, a new and possibly more dramatic result was the increased resistance to 
the basic fluxing Type I 900oC hot corrosion (see Fig. 5.2b).  The mechanism of the 
Pt-effect was at this point still unclear; however, X-ray diffraction results indicated 
an increase in the Al2O3/NiO ratio and larger denuded zones.  These results were 
the first to show that Pt not only helps in scale adhesion, but also the promotion and 
formation of the Al2O3 scale during the early stages of exposure.  This would be 
confirmed many years later by Hayashi et al.90 using short-term oxidation and glow 
discharge optical emission spectroscopy (GD-OES).  His results in Fig. 5.3 show that 
during the first few minutes of oxidation, an enrichment of Al at the surface is 
present, while for alloys containing no Pt, a Ni-rich surface layer is observed. 
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Fig. 5.3 GD-OES of short-term oxidation (45s) of a) Ni-Al-O and b) Ni-Al-Pt-O showing the 
decreased oxygen solubility with the addition of Pt 90 
 
Further alloy development research at Johnson, Matthey resulted in an optimized Pt 
content alloy containing 4.6 wt% Pt, with the lower amount of Pt aimed at making a 
Pt-modified superalloy more economical.  This alloy was designated RJM2012.  It 
was tested against IN (Inconel) 792 by Coupland et al. 91  based on similar 
compositions, differing only slightly with the exception of Pt.  Again, cyclic 
oxidation characteristics were measurably the same as IN792 within the temperature 
range of 900-1100oC.  The large benefit came through the increased hot corrosion 
resistance, particularly in the Type I regime (~900oC). 
Results were also presented for the first time on the microstructural and mechanical 
effects of Pt additions to Ni-base superalloys.  Of importance was the result that Pt 
partitions very strongly to the γ′-Ni3Al phase.  Also, no detrimental effects were 
observed on the creep-rupture properties of RJM2012 compared to the similar 
IN792.  The microstructural and mechanical aspects will be discussed later in further 
detail.    
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Fig. 5.4 First partitioning examination of Pt in γ+γ′  NI-base compositions91 
 
The results of Corti and Coupland on RJM2012 prompted additional, more detailed 
analysis, to further elucidate the effects of Pt on oxidation and hot corrosion of Ni-
base superalloys.  Tatlock et al.92 were the first team to study RJM2012.  Tatlock et al. 
validated the experiment results presented by Coupland by conducting oxidation at 
900 and 1100oC and characterizing the resulting scales and cross-sections using SEM, 
EPMA, and TEM.  Their results indicated that the major difference between 
RJM2012 and IN792 was that after spallation of Cr-rich outer scales, the internal Al-
rich scale of IN792 was not continuous and therefore was not protective, while the 
sub-surface Al-rich scale on RJM2012 had a continuous Al-rich scale which served to 
protect the alloy from further oxidation and was observed to be fairly resistant to 
spallation.  These oxidation modes are in agreementwith the observed kinetics at 900 
and 1100°C.  While IN792 and RJM2012 both produce a chromia scale at 900oC, 
sufficient for alloy protection, at 1100oC a chromia scale will volatize and is not 
protective.  IN792 formed internal alumina particles, however, these particles never 
coalesced into a continuous scale and therefore the oxidation resistance was 
relatively poor.  By contrast, RJM2012 formed a continuous alumina scale, and was 
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therefore protective at higher temperatures.  Interestingly, IN792 contains slightly 
more Al than RJM2012, showing that Pt does promote the formation of alumina 
scales.  This effect was attributed to an increased diffusion rate, and hence higher 
flux of Al to the surface during oxidation to promote the continuous alumina-scale 
formation. 
Tatlock et al.93,94 took the experiments of Coupland one step further and conducted 
hot corrosion tests of IN792 and RJM2012 in a burner rig at 800oC for 1000 hours.  
The same results were found as those of Coupland in that RJM2012 showed much 
greater resistance to sulfide attack compared to IN792.  Diffusion-couple 
experiments were also conducted to try and confirm the effect of Pt on the diffusion 
rate of aluminum.  The conclusion was that Pt did not effect the diffusion of 
aluminum within the measurement sensitivity and therefore was not the major role 
in promoting alumina scale formation.   
The mechanism of higher diffusion rates to the surface is not without merit as a 
much later study by Gleeson et al.95 found through ternary diffusion couples that a 
negative DAlPt interdiffusion coefficient exists, and as a result, aluminum may diffuse 
up its own concentration gradient.  Tatlock’s diffusion couples (Ni-Cr/Ni-Cr-Al and 
Ni-Cr-Pt/Ni-Cr-Pt-Al) had a major drawback in that only one side of the couple 
contained aluminum. Therefore, the significant interdiffusion cross-term interaction 
between Pt and Al, as found by Gleeson, could not be observed.  Interestingly, 
Tatlock observed areas of Pt-rich enrichment during oxidation and hot corrosion 
near the surface as Pt does not participate in either degradation process.96  Therefore, 
areas enriched in Pt in the sub-surface may have increased the aluminum diffusion 
to the scale resulting in the formation of a continuous alumina scale and providing 
further oxidation protection at elevated temperatures.   
51 
 
Fig. 5.5 Microprobe analysis conducted by Tatlock on RJM2012 after a) 200 and b)1000 hr hot 
corrosion94 
 
Most recently, Gleeson et al.97 has elucidated the multiple effects Pt has on the 
promotion of Al2O3 formation through extensive Ni-Al-Pt ternary model alloys.  
These include the inert nature of Pt and therefore reducing the chemical activity of 
Al, partitioning to the Ni sites and increasing the Al:Ni ratio on given 
crystallographic planes, and enriching in the near sub-surface  reducing the 
availability of Ni to participate in the oxidation process. 
 
5.3 The Rise of Coatings 
Despite these profound benefits of Pt in bulk alloys, the idea of PGM-modified 
superalloys never took hold with OEM’s as even small additions of ~5wt% to an 
alloy made it too costly to make.  Recovery of precious metal from worn or defective 
blades was also of concern and would have increased costs even further. During the 
1980’s when Pt-modified bulk alloy properties were being reported, superalloy 
oxidation resistance was becoming too poor to use without modification, and with 
the high cost associated with Pt-modified bulk alloys, coatings were introduced to 
induce the required oxidation resistance. It was known that the modification of 
coatings with Pt was beneficial to the performance of such coatings.98  As the use of 
coatings became necessary, researchers began to re-examine aluminde coatings 
modified with Pt.99,100  
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Advanced coating technologies using Pt electrodeposition, had shown that 
acceptable oxidation results could be gained by applying minimal amounts of Pt to 
the bulk superalloy.  Therefore, the use of Pt-modified bulk alloys fell out of favor 
and the use of Pt-modified coatings became the OEM choice for oxidation resistant 
superalloy systems. 
These Pt-modified alumindes, almost always β-(Ni,Pt)Al, along with MCrAlY’s were 
the mainstay of OEM coatings for the 1990’s and are still used to this day.  However 
as temperature capability requirements increased and research and characterization 
of β-(Ni,Pt)Al continued, limitations and compatibility issues began to arise from the 
experimental data.  These issues included: rumpling of the coating, which could lead 
to delamination of TBC systems; incompatibility with newer generation superalloys 
causing large amounts of detrimental phase formation with loss of strengthening 
elements; and poor inherent resistance to hot corrosion attack.  See Fig. 5.6 for an 
example of coating incompatibility causing a secondary reaction zone (SRZ), which 
is caused by the diffusion of Al into the substrate.  In addition, these detrimental 
phases continue to grow with high temperature exposure, which are measured in 
Fig. 5.7.  Because this is a diffusion-based process, a parabolic-type thickness 
evolution would be expected. 
 
Fig. 5.6 Increase in SRZ thickness over time caused by a lack of coating compatibility with the 
substrate Ni-base superalloy 
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Fig. 5.7 Measured SRZ thickness over time showing dependence of reaction thickness with time. 
 
These shortcomings have limited the use of the coating/superalloy system to finite 
times, as the thermomechanical properties of the system are not matched and the 
processing parameter control for coatings is less than that for the base metal and 
introduces more variability into the system.  Furthermore, when these coatings fail 
the underlying base material degrades at a rapid rate; see Fig. 5.8.  
 
Fig. 5.8 Cracking of a β-(Ni,Pt)Al coatings leading to oxidation and degradation of the bulk alloy101 
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In light of these inherent properties of the β-(Ni,Pt)Al system, superalloy 
compositions containing ruthenium (Ru) were developed which more closely 
matched the coating in chemical compatibility. 102  In addition, new coating 
compositions have been investigated including Pt-modified MCrAlY’s, 103  Pt-Ir-
modified aluminides, 104  rare-earth modified aluminides, 105  Zr-Cr-modified 
aluminides, 106  and Pt-modified γ+γ′ coatings.95  Of these, the Zr-Ta-modified 
aluminide and the Pt-modified γ+γ′ coatings have gained the most attention by 
General Electric Aviation and Rolls-Royce, respectively.  Despite the advances in 
coating/superalloy technology, it is becoming increasingly apparent that the 
underlying base materials must have inherent oxidation properties.   
 
5.4 The Resurgence of PGM-Modified γ+γ′  Alloys 
In 1998 Murakami et al.107 at the National Research Institute for Metals in Japan 
(now known as National Institute of Materials Science or NIMS), developed an Ir-
containing superalloy known as TMS-79.  This alloy was developed to use Ir, known 
for its high solubility in Ni and refractory-like mechanical properties to replace Re as 
a solid-solution strengthener for creep resistance and prevent detrimental TCP 
formation.  Unfortunately, the Ir does not partition strongly to the γ-Ni phase and 
therefore does not strengthen to the same extent as Re and Mo.  This was however 
the first investigation into the microstructural effects of PGM’s (other than Ru) on 
Ni-base superalloys.  The group went on to systematically study the effects of all 
PGM’s (i.e. Ru, Rh, Pd, Ir, and Pt) in γ+γ′ Ni-Al model alloys.108  This investigation 
revealed that of all the PGM elements, only Pt readily conforms to the γ+γ′ structure.  
This is a result of the fact that Pt and Al form a Pt3Al phase in which a pseudo-solid 
solution of Ni3Al-Pt3Al can exist. All other PGM elements form the B2 (PGM,Al) 
phase, which destabilizes the γ+γ′ structure if sufficient PGM additions are made. 
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Fig. 5.9 Microstructure of ternary N-19Al-XPGM showing the solubility limits of Ir, Rh, and Ru  in 
γ+γ′  while Pt has still not reached its solubility limit108 
 
In actuality, a pseudo-solid solution of Ni3Al-Pt3Al does not take place.  Work by 
Kamm et al.109  through EPMA and X-ray diffraction determined that an L10-
tetragonal phase exists within the range of ~25-50 at% Pt, after which the α-Pt2NiAl 
phase becomes stable.  This work was later predicted by Jiang et al.110 through first-
principle calculations and confirmed by Gleeson et al.111 through experimental 
verification of the Ni-Al-Pt phase diagram.  However, both investigators did 
determine that the solubility of Pt in γ′ exists up to the ~25at%.  This solubility is 
more than what is required for use in a Ni-base superalloy to increase its oxidation 
and hot corrosion resistance.89,91  
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Fig. 5.10 Stable ground state calculations110 and determined phase diagram111 showing solubility 
limit of Pt in γ′at ~30at% 
 
To further elucidate the effects of PGMs on microstructure, Yokokawa et al.112 
determined the partitioning ratios of small additions of Ir, Ru, Rh, Pd, and Pt into a 
commercial superalloy with respect to temperature.  The partitioning ratio is defined 
as: 
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where ci is the composition of the ith phase.  Partitioning ratios below one indicate a 
preference for the γ′ phase while values above one for the γ phase.  Their findings 
indicated that Pt, Pd, and Rh partition to the γ′ phase while Ir and Ru partition to the 
γ phase.  These partitioning coefficients all tend to move towards a value of one with 
increasing temperature.  This temperature dependence can be explained by the 
microstructure characteristics of the alloy.  As a result of the intermetallic nature of 
the γ′-Ni3Al phase, phase composition changes very little with respect to 
temperature in comparison to the disordered f.c.c. γ-Ni phase.  As a result, as the γ′ 
volume fraction decreases with increasing temperature, the γ′-rich elements (e.g. Al, 
Ta) “dissolve” into the γ-Ni matrix.  As the matrix composition becomes more 
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enriched in these elements, the partitioning coefficient will change to values closer to 
unity.   
  
 
Fig. 5.11 Partitioning coefficients as a function of temperature for PGM's, as well as other alloying 
elements showing a trend for ki to move towards unity112 
 
Additional, more detailed studies were conducted by Ofori et al.,113 Pyczak et al.,114 
Volek et al.,115 and Tin et al.116 on the characteristics of PGM partitioning in Ni-base 
superalloys and model ternary systems.  Characterization techniques included TEM-
EDS, X-ray diffraction, and the first 3D Atom Probe Tomography (3DAPT) 
investigation on PGM-modified superalloys.   
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Fig. 5.12 3D APT of Pt-modified superalloy, showing the qualitative partitioning of all elements 
present116 
 
All authors’ conclusions were in agreement with the results of Murakami and 
Yokokawa.  The partitioning of Ir tends to be slightly to the γ phase while Pt 
partitions strongly to the γ′ phase.  However, an interesting result was observed by 
Tin,116 where the partitioning of Pt was strongly dependent on the presence of Cr in 
the alloy system.  This effect of Cr on the partitioning of other elements has also 
been observed in Ru-bearing systems.117 X-ray diffraction results obtained by Pyczak 
showed an effect of Ir on the γ/γ′lattice.  Ir tended to create a more positive misfit 
(i.e. increase the lattice parameter of the γ′ phase more so than the lattice parameter 
of the γ phase).  All alloying elements will have either a positive or negative effect on 
the lattice parameter of a given phase.  If those additions are relatively small ~10 
at%, the relationship is linear and is known as Vegard’s Law.  Each element then has 
a coefficient (Γi) for the ith phase, each element with its given coefficient and 
composition addition will have a summation effect and will result in the final lattice 
parameter.  The equation for Vegard’s Law is shown in Eq. 5.2. 
!"+= iioi xaa  Eq. 5.2 
 
 
It is interesting that Ir has such an effect as its coefficients for γ and γ′ are 4.5 and 4.4 
Å/at% respectively. 118   This means that Ir tends to increase the γ phase is 
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approximately 10% larger than for γ′ phase.  Additionally, Ir has a preference for 
partitioning to the γ phase, therefore, one would then expect Ir to have an effect of 
increasing the negative lattice misfit and instead the opposite is found.  One reason 
is that Vegard’s Law coefficients are based on binary Ni-X systems and as such; 
complex interactions of multiple elements can affect the measured lattice misfit.   
Ofori also conducted rocking beam X-ray and ALCHEMI analysis on Ni-Al-PGM 
samples to determine the site preference of the PGM elements within the ordered γ′ 
phase.  It was determined that Pt, Ir, Rh, and especially Pd partition to the Ni 
sublattice while Ru partitions to the Al sublattice.  This was partially confirmed by 
Chao et al.119 through first-principle calculations.  Tin116 also conducted preliminary 
oxidation experiments of PGM-modified superalloys.  However, none of the 
superalloys tested by Tin contained rare-earth elements to aid in scale adhesion.  
Most recently, Van Sluytman et al.,120 has begun to more extensively investigate the 
ramifications of PGM additions to single crystal-type compositions on phase 
stability, microstructure, and creep resistance.  
 
 
Fig. 5.13 First-principle calculation of transition metal site preference in γ '-Ni3Al, note Pt all the 
way near the bottom of the plot119 
 
Overall, the use of PGM’s in Ni-base superalloy systems and its beneficial effects 
have been known for a relatively long time.   Despite its maturity, very little is 
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known in the way of their effects on the microstructual aspects of Ni-base systems, 
and the chemical optimization of such systems to provide the maximum beneficial 
effect of such additions while keeping the system cost at a minimum.  A few studies 
have been conducted to give guidance in further understanding the effects of such 
additions and have proven extremely useful, however further work is needed to 
gain a more complete understanding of these materials on other microstructual 
aspects such as lattice misfit, γ′ volume fraction with respect to temperature, 
coarsening rates, and microstructure stability.     
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CHAPTER 6  PROJECT SCOPE AND AIMS 
 
6.1 Project Scope 
A principal aim of this project is to develop novel Ni-based alloy compositions that 
exhibit both high-temperature strength and exceptional resistance to high 
temperature oxidation and hot corrosion.  Applications for such alloys range from 
thin-walled heat exchangers to thermal protection systems.  Given this principal 
project aim, certain restrictions come into play while others stemming from 
traditional superalloy development do not.  The main restriction is that the alloys 
must be “heat treatable”.  Traditional cast superalloys are based on a two-phase 
microstructure comprised of γ-Ni and γ′-Ni3Al with a γ′ volume fraction of up to 
0.7.27 The deformation of a traditional cast microstructure would typically result in 
large amounts of cracking, sthat that it and would not be possible to reduce the 
material to desired geometry, such as sheet.  If, however, the alloy was heated above 
the solvus temperature into the single-phase γ-Ni region, the material may have 
sufficient ductility to be deformed to the desired thickness.  With subsequent heat-
treatment, the strengthening γ′ phase would precipitate, giving a two-phase γ+γ′  
microstructure.   
Another obstacle for coatingless (e.g.thin-walled) components is to minimize the γ′-
denuded zone in the alloy subsurface.    During selective oxidation of a multiphase 
alloy, the diffusion of the oxidizing element (i.e. Al) will cause a decrease in the 
composition of that particular element causing dissolution of the phase enriched in 
that element (i.e.γ′-Ni3Al). 121,122  The area near the surface where dissolution occurs 
in called the subsurface denuded zone.  In the case of thin-walled components, if 
exposure is from both surfaces, then the extent of denuded-zone formation must be 
taken two-fold.  This means that almost the entire thickness of the thin wall will lose 
its strengthening second phase, causing a dramatic reduction of mechanical 
properties, which in turn could result in failure of the component.  Therefore, 
reduction of the denuded zone must be done by reducing the oxidation kinetics.  An 
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important factor affecting the extent of denuded zone formation is elemental 
partitioning in the microstructure.  In the context of this study, the influence of Pt on 
partitioning must be determined.  The other main concern for most superalloys and 
the reason for coatings is hot corrosion resistance.  Both oxidation and hot corrosion 
are mitigated by the formation of a protective Al2O3 scale.  Therefore, the ability of a 
PGM-modified alloy to develop an exclusive Al2O3 scale is a necessity. 
 
6.2 Project Aims 
Based on the review presented, the scientific aims for this project can be formulated 
as follows:  
• Development of heat-treatable PGM-modified alloys with the ability to 
become sufficiently single-phase over an adequate temperature range (i.e. 
50oC) so as to allow hot working.   
• Determine the effects of PGMs on the thermal stability, element partitioning, 
and γ-γ′ lattice misfit of the Ni-base systems. 
• While using PGM elements in the alloy, preserve the conventional superalloy 
microstructure to allow for adequate creep resistance.  The conventional 
superalloy standards comprise a two-phase γ-Ni+γ′-Ni3Al microstructure 
with 60-70% volume fraction of γ′.  The γ′ precipitates should maintain an 
absolute lattice misfit in the range of 0.4-0.6%, to result in a cuboidal shape.     
• Reduce oxidation kinetics at temperatures >1000°C from what are observed 
for 2nd generation superalloys (i.e. N5 and CMSX-4) to those observed for 
superalloy coatings (i.e. β-(Ni, Pt)Al) in order to prolong service life and 
reduce denuded zone thickness.  Simultaneously, the thermally-grown scale 
must exhibit excellent scale adherence and, hence, resistance to spallation 
during thermal cycling.  
• While maintaining oxidation resistance, increase or preserve the resistance to 
both Type I (900°C) and Type II (~750°C) modes of hot corrosion attack 
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compared to commercial coating systems (i.e. β-(Ni, Pt)Al, MCrAlY) for 
prolonged service life.  
• Use short-term oxidation surface analysis to further elucidate the beneficial 
effects of Pt on promoting Al2O3 scale formation and adherence at levels of 
2.5at%, much lower than previously studied levels of up to 20at%.   
• Validate the use of thermodynamic prediction software (i.e. PANDAT) 
through comparison of experimental results, focusing largely on phase 
transition temperatures, partitioning and volume fractions while continually 
optimizing the software by addressing any discrepancies between experiment 
and prediction.     
Experimental γ+γ’ alloy compositions varying in PGM’s will be made to first 
understand the effects these elements have on microstructure and oxidation.  
Determining microstructure after heat treating, partitioning of elements, isothermal 
oxidation, and cyclic oxidation of the PGM containing compositions are the main 
focus of this study.  This will give a better fundamental understanding of the effects 
of PGM additions on oxidation kinetics as well as partitioning within the alloy.  In 
conjunction with our collaborators giving valuable mechanical property information 
about the PGM additions, a large step forward can be made in developing a novel 
composition for which the required properties can be provided. 
 
6.3 Overview of Experimental Procedures 
6.3.1 Structural Characterization 
The alloys studied were processed at the Materials Preparation Center at Ames 
Laboratory by arc-melting followed by drop-cast into small round ingots 
approximately 10 mm diameter and length of approximately 40 mm.  The alloys 
were characterized by a variety of methods.  The characterization includes: 
• Differential thermal analysis (DTA) to determine γ′ solvus, γ-Ni solidus and 
liquidus temperatures, which are important for assessing the heat-treatability 
of the individual alloys. 
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• In-situ synchrotron X-ray diffraction to examine the effects of PGM additions 
on the lattice parameters, lattice misfit, and volume fractions of the two-phase 
alloys as a function of temperature. 
• Standard metallographic assessment of the microstructure as it relates to the 
lattice misfit and γ′ volume fraction. 
• Electron probe microanalysis of thermally aged samples to determine phase 
partitioning and the changes associated with the PGM additions. 
• In collaboration with CompuTherm, utilize the PANDAT® software program 
to compare experimentally-determined compositions and transition 
temperature values with those from the prediction. 
 
6.3.2 Surface Stability Characterization  
As previously mentioned, the addition of PGM’s is driven by the beneficial 
enhancements of the oxidation and hot corrosion resistance.  Therefore, detailed sets 
of experiments were conducted to examine the beneficial effects of Pt on simple 
compositions.  Additionally, Ir was examined to determine its effects the oxidation 
and hot corrosion resistance of the alloy. 
• Isothermal oxidation and SEM characterization to determine oxide scale 
constituents. 
• Cyclic oxidation at lower (i.e. 1000oC) and higher (i.e. 1150oC) temperatures 
and asses how the PGM additions affected scale adhesion. 
• Characterize the denuded zone thickness after oxidation and relate it back to 
the oxidation kinetics and phase partitioning. 
• Glow discharge-optical emission spectroscopy (GD-OES) of extremely short-
term oxidation to determine the effects of Pt and Ir on the promotion of Al2O3 
scale formation. 
• Types I and II hot corrosion tests to examine the protective nature of the pre-
formed Al2O3 scale. 
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CHAPTER 7  STAGE I ALLOY DEVELOPMENT 
 
 
7.1 Introduction 
For aerospace applications that require protective oxidation characteristics yet 
formability, these two properties generally are produced using opposite approaches.  
For thin sheet/foil applications where thicknesses may be as thin as 200-150 µm, 
large amounts of formability (i.e. ductility) are needed.  These alloys tend to be 
single phase austenitic Ni-base alloys having a disordered γ-Ni base.  These alloys 
are also traditionally only solid solution strengthened.  Such alloys tend not to have 
high temperature capabilities as solid solution strengthening decreases dramatically 
with temperature.  In addition, non-protective oxides begin forming on the surface, 
limiting operating temperatures to <800oC. 
Alloys such as the intermetallic Pt-modified β-NiAl have high melting points, 
readily form protective Al2O3 scales, and have rather good creep resistance due to 
their intermetallic nature, however they do not posses the needed ductility.  
Extensive research had previously been conducted, without success,123 to transform 
the β-NiAl system to one that is a ductile and tough.  
Intermetallic strengthened alloys are designed to have high creep strength, while the 
aluminum-rich intermetallic phase present, Ni3Al, may allow for the formation of a 
protective Al2O3 scale.  By blocking further reaction of the metal with the gas, a 
diffusion controlled steady-state oxidation reaction occurs which is parabolic in 
nature due to the relationship x=(Dt)1/2.185  This allows for a thin initial oxide layer to 
form that will protect the alloy from further oxidation.  However, most high-
temperature γ+γ′ alloys have inherently poor oxidation and hot corrosion resistance 
due to the addition of multiple strengthening elements.   
It is quite plausible that the use of PGM-modification may be used to enhance 
oxidation and hot corrosion resistance.89,91 The modification of a existing alloy with a 
PGM would have inherent advantages over the development of a new alloy system, 
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as it would allow for a faster research time frame and decreased cost.  But there are 
limitations to the extent to which this process can be done.  The work by Coupland 
et al. 89,91 on modification of existing alloys was conducted on two alloys, MarM-200 
and MarM-007.  These alloys, along with the 1st-3rd generation CMSX alloys are 
summarized in Table 7.1.  It can be seen that with progress in alloy development, the 
total amount of the γ′ forming elements (i.e. Al, Ti, Ta, and Nb) increased.  
Accordingly, the a γ′ volume fraction in current cast alloys (i.e. CMSX-2, -4, -10) is up 
to ~70%.  This increase in γ′ volume fraction decreases the composition space 
available for further alloying, compared to a 1st generation superalloy composition 
such as MarM-200, which has a lower γ′ volume fraction (less than 30%).  Therefore, 
addition of an element such as Pt would be feasible in alloys where the γ′ volume 
fraction is lower, however in the newer high volume fraction γ′ systems, the 
composition space is quite limited to allow for radical additions.      
 
Table 7.1 Nominal contents (in at%) of γ′  formers in evolved of γ+γ′  Ni-base superalloys13 
Alloy Al Ti Ta Nb Total γ′ Formers 
MarM-200 11.00 2.5  1.15 14.65 
MarM-007 12.73 1.2 1.34  15.27 
CMSX-2 (1st Gen.) 12.5 1.47 1.07  15.08 
CMSX-4 (2nd Gen.) 12.6 1.27 2.18  16.03 
CMSX-10 (3rd Gen.) 13.21 .26 2.76 0.07 16.30 
 
If a Pt-modified superalloy with a large γ′ volume fraction is going to be developed, 
it may be necessary to start from scratch.  One place to start such a development is 
based on research on Pt-modified γ+γ′ coatings that revealed that such two-phase 
alloys could have oxidation properties, which outperform the bulk intermetallic 
coating compositions.152  A summary of the Pt-modified γ+γ′ coating study is 
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presented in Fig. 7.1, which shows that γ+γ′ alloys can have enhanced oxidation 
properties over Pt-modified β-NiAl.  
 
Fig. 7.1 Cyclic oxidation at 1150oC showing the differences in the oxidation performance of P+Hf-
modified γ+γ′  coating compositions compared to Pt-modified β-NiAl. 
 
This observed combination of two-phase microstructure and extremely good 
oxidation characteristics sparked interest in the further development of Pt-modified 
γ+γ′ alloys that would have sufficient ductility for forming applications. 
In light of all the pros and cons concerning the path to take in determining or 
developing an alloy system for a specific application it is pertinent to first test 
existing alloys, in addition to PGM-modified existing alloys, as a means of providing 
a baseline and comparison.    
 
7.2 Existing Alloys 
Two Ni-base alloys, IN617 and MA754, which were considered candidate materials 
for thin sheet/foil applications were cyclically oxidized at 1000°C for 500 one-hour 
cycles (the lower temperature was ~70oC).  The nominal compositions of these alloys 
are shown in Table 7.2. 
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Table 7.2 Nominal composition in wt % of two candidate materials 
Alloy Ni Cr Co Fe Al Ti Mo C Other 
IN617 Bal. 24.6 12.3 1.6 1.5 0.5 5.8 0.15 - 
MA754 Bal. 22.0 - 1.0 0.3 0.5 - 0.05 0.6 Y2O3 
 
 
 
Fig. 7.2 1000oC cyclic oxidation of IN617 and MA754 and their representative cross-sections 
 
In accordance with the ternary oxide map constructed by Giggins and Pettit,44 these 
alloys do not contain enough aluminum to form an Al2O3-rich scale.  Therefore, 
operation temperatures are limited to below 900oC.  IN617 shows relatively high 
oxidation kinetics at 1000oC and a very thick and rough oxide scale with internal 
oxide protrusions of Al-rich oxide.  MA754 shows better oxidation characteristics, 
however, large nodules are observed on the surface.  Additionally, mechanically 
alloyed systems, such as MA754 are extremely expensive and as such are difficult to 
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attain.  Further, MA alloys are difficult to join because the oxide dispersion 
microstructure can change dramatically in the heat-affected zone.124   
 
7.3 Pt-Modification of Existing Alloys 
Initial experiments were conducted by Wright-Patterson Air Force base on Pt-
modification of an existing alloy was to added 2at% Pt (~6.5wt% Pt) to B1900+Hf.6 
This was given the alloy number R2648, to determine if sufficient oxidation 
improvement could be made by this single element.  The nominal composition of 
B1900+Hf is given in Table 7.3, and as can be seen, it is nearly identical to the 
composition of MarM-007 (other than a slightly lower Ta), which was modified with 
~10 wt% Pt in the work conducted by Coupland et al.89,91 Therefore, R2648 is very 
similar to the Pt-modified MarM-007 and can provide a useful comparison on the 
effects of microstructure.  It also provides useful insight as to what type of alloy 
system a PGM-modification may be used.  MarM-007 has about the same amount of 
γ′ formers as a 1st generation single-crystal superalloy.  If this composition space is 
too tight to allow for the addition of a PGM, then it is reasonable to presume that the 
composition space for a 3rd generation superalloy is at least the same if not smaller 
than the 1st generation superalloy. 
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Table 7.3 Nominal compositions in wt% of Pt-modified existing alloys 
Alloy Ni Cr Co Mo Ti Al Ta Hf Pt Other 
B1900+Hf Bal. 7.7 9.8 5.9 0.84 6.0 3.8 1.6 0 C,B,Zr 
R2648 Bal. 7.3 9.3 5.6 0.4 5.5 3.6 1.5 6.5 C,B,Zr 
MarM-007 Bal. 8.0 10.0 6.0 1.0 6.0 4.25 1.3 0 C,B,Zr 
 
Fig. 7.3 shows low and high magnification images of B1900+Hf and its PGM-
modified counterpart, R2648, that has been alloyed with 2 at% Pt.  Both alloys were 
heat-treated at 1200oC for 100 hours followed by a water quench.  The large regions 
of contrast are due to different grain orientations.  It is clear from the figure that in 
its unmodified state, B1900 has a small volume fraction of γ′ at 1200°C with an 
absolute lattice misfit of ~0.4-0.6% based on precipitate shape.  R2648, however, 
shows large incoherent precipitates of γ′ within the matrix.  The incoherency is 
inferred by the fact that the γ′ precipitates have an irregular shape.  These results 
indicat that even for alloy compositions that have lesser amounts of γ′ forming 
elements, that the addition of Pt can substantially disturb the two-phase 
microstructure.  Therefore, when considering alloy systems that have higher 
amounts of γ′ formers, consistent with 2nd generation superalloys (i.e. CMSX-4), 
modification with Pt is not a viable option.  
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Fig. 7.3 Microstructure of B1900+Hf and its PGM modification with 2 at% Pt heat-treated at 1200oC 
for 100 hours and then water quenched6 
 
Fig. 7.4 clearly shows that direct addition of either Pt or Pd to alloy B1900+Hf is not 
an effective means to confer oxidation resistance.  This alloy, unlike MA754 and 
IN617, does have sufficient aluminum to become protective according to the oxide 
map.47 Moreover, large amounts of scale spallation occurred, even during the 
transient oxidation period.  The oxidation cross-section of Pt-modified B1900+Hf 
revealed large amounts of internal oxidation of Hf into HfO2, as deduced by 
compositional analysis using EDS.  When compared to previous experiments on 
B1900+Hf, the addition of Pt seems to be ineffective at increasing the spallation 
72 
resistance.  Cyclic oxidation at 1100oC of many Ni-base alloys were summarized by 
Smialek and Meier,47 one of which was B1900+Hf, which had a nominal weight loss 
of 1.3 mg/cm2 after 100 hours, compared to R2648, which lost approximately 8 
mg/cm2 after 100 hours at 1150oC.  
 
Fig. 7.4 1150oC cyclic oxidation of PGM-modified B1900+Hf for 500 cycles showing scale spallation 
and cross-section of R2648 (2%Pt-modified B-1900+Hf) 
 
As a result of the microstructure change and the non-apparent improvement in 
thermal cycling resistance, it can be inferred that PGM-modification of existing 
alloys that contain at least 15.25 total percent γ′ formers is actually detrimental.  
Thus, the development of a PGM-modified superalloy requires a more systematic 
approach.  This approach will allow for optimized Pt content and careful 
consideration of oxidation characteristics and microstructures to produce the 
necessary properties.   
 
7.4 Start of Pt-Modified Superalloy Development 
Extensive work has been conducted to construct an accurate ternary phase diagram 
of the Ni-Al-Pt system through the development of Pt-modified γ+γ′ coatings. 
97,99,110,111,128,134 This work consisted of ternary diffusion couples, equilibrium phase 
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compositions, and first principles calculations. The culmination of these data 
provided an accurate high temperature Ni-Al-Pt phase diagram, shown in Fig. 7.5.  
This served as the starting point for the alloy development.  The two-phase region 
consisting of the disordered f.c.c. γ-Ni phase and the ordered L12 γ′-Ni3Al phase was 
the logical choice for the start, as the γ+γ′ microstructure is consistent through almost 
all Ni-base superalloy systems. 
 
Fig. 7.5 Ternary Ni-Al-Pt phase diagram at 1150oC111 
 
7.4.1Hafnium Content 
The use of Hf as a means of decreasing the oxidation rate has been thoroughly 
reported by multiple investigators.125,126,127 It has been seen to segregate to the Al2O3 
grain boundaries and ”block” short-circuit oxygen diffusion through the protective 
oxide scale and thus reducing the oxidation rate.  In addition, the amount of Hf 
present, as shown by Mu et al.,128 can have a dramatic effect on its oxidation 
behavior.  Therefore, an important aspect of this alloy development was 
optimization of the Hf content.  Over-doping of Hf causes internal HfO2 formation 
under standard-state conditions129 through the process described by Mu et al. as 
3Hf+2Al2O3→3HfO2+4Al 
This displacement reaction will proceed to the right to if the change in free energy is 
less than zero.  This can be described by  
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where K stems from the law of mass action and is given by the activity quotient 
(aAl)4/(aHf)3 and Keq is the equilibrium constant given by  
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Within Mu et al.’s work there was an observed reduction in internal HfO2 oxidation 
with the increasing Pt content, which implies that K decreases to a value less than Keq 
with increase in Pt content.  If the Hf activity is assumed to be proportional to the 
composition as defined by Henry’s Law  
aHf≈ωXHf 
where XHf is the mole fraction of Hf in the alloy and ω is the activity coefficient.  If 
the Hf mole fraction remains constant, a decrease in Hf chemical activity arises from 
a decrease in the activity coefficient.  This reduction in chemical activity must take 
place to prevent the internal Hf oxidation.  In accordance, a decrease in internal Hf 
oxidation was observed on a Ni-25at%Al-0.5at%Hf alloy when the Pt content was 
increased from 0 to 10 at%.  Since it was determined that Pt levels above ~5 at% 
were too costly from an economical standpoint, it was determined that optimum Hf 
levels must be addressed.  
Because the exact decrease in the chemical activity with increasing Pt content is not 
exactly known, an experimental approach must be taken to determine the optimum 
Hf content of a low-Pt alloy.  Therefore, two model alloys with a base of Ni-15Al-
5Pt-5Cr were alloyed with 0.34 and 0.1 at % Hf, respectively, and were oxidized at 
1150oC for 100 hours.   
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Fig. 7.6 Isothermal oxidation at 1150oC for 100 hours for a base composition of Ni-15Al-5Pt-5Cr 
 
As can be seen in Fig. 7.6, even with the lower level of Hf at 0.34 at%, large amounts 
of internal HfO2 were observed.  This shows that the lower amount of Pt was not 
sufficient to decrease the Hf activity and suppress the internal oxidation of Hf to 
HfO2.  However, when the Hf content is decreased to 0.1at%, the Hf activity is low 
enough to prevent the internal oxidation of the Hf. Thus, the results of the oxidation 
experiment show that the near-optimum Hf content is approximately 0.1 at% for the 
lower Pt content alloys. 
 
7.4.2 Starting Base Composition 
Using the Hf content stated above, a base starting composition of Ni-15Al-5Pt-0.1Hf 
shown in the schematic ternary Fig. 7.7 resulted in the microstructure that is also 
shown in this figure.  The dark phase is γ-Ni and the bright phase is γ′-Ni3Al.   
Electron probe micro-analysis (EPMA) determined the phase compositions as listed 
in Table 7.4.  
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Fig. 7.7 Ni-15Al-5Pt-0.1Hf 1000oC microstructure and location on the ternary 
 
  
Table 7.4 Composition in at % of two candidate materials 
Alloy Ni Al Pt Hf 
γ-Ni  Bal. 12 5 0 
γ′-Ni3Al Bal. 19 10.7 0.8 
 
The γ-Ni phase has a Pt concentration similar to the bulk alloy because the γ′ volume 
fraction is sufficiently low.  The measured tie-line compositions and volume fraction 
are also schematically shown in Fig. 7.7.  The EPMA also showed that the Hf 
partitions almost exclusively to the γ′ phase.  This would be in agreement with the 
calculated Ni-Al-Hf ternary phase diagram, which shows that there is little to no 
solubility of Hf in γ-Ni.130 
As a result of the large partitioning of Pt to the γ′ phase, a large expansion of the γ′ 
lattice results.  A similar alloy containing slightly higher Al content with varying Pt 
content was taken to the Advanced Photon Source at the Argonne National 
Laboratory and was examined using the synchrotron X-ray radiation.  This 
experiment revealed that the addition of Pt causes a large (i.e. ~1.4%) expansion of 
the γ′ lattice by the addition of 10 at% Pt; Fig. 7.8.   
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Fig. 7.8 Lattice parameters of the conjugate γ  and γ′  phases determined for ternary Ni-Al-Pt alloys 
at 700oC 
 
It is important to elucidate why the addition of Pt generates such a large increase the 
lattice parameter of the γ′ phase.  One of the first things to examine is the metallic 
radii of the elements involved.  The radii presented in Table 7.5 for Ni, Al, and Pt 
were taken from Pauling,131 for a coordination number of 12 (CN12), corresponding 
to a FCC crystal structure.  
 
Table 7.5 Radii of Ni, Al, and Pt 
Element Radii [Å] (CN12)131 
Ni 1.244 
Al 1.429 
Pt 1.385 
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In a disordered phase, such as γ-Ni, a Vegard’s Law approach is generally suitable to 
predict the changes in lattice parameter.132  By contrast, for the ordered γ′ phase, 
such a simplistic approach cannot be used.  One must first know the site preference 
within the ordered L12 structure of γ′.  The first-principle calculations by Jiang et 
al.119 found that Pt has a preference for the Ni sites within the Ni3Al lattice, which is 
in agreement with Geng et al.133 and experimentally determined by Ochiai et al.137  
The reason for this preference is that it maximizes that nearest-neighbor Al-Pt bonds 
and maximizes the nearest-neighbor Al-Ni bonds, both of which are more 
energetically favorable over the Ni-Pt bond. 134  Therefore, substitution of Pt 
(radius=1.38Å) for Ni (radius=1.25Å) would generate an increase in the γ′ lattice 
parameter.  This is the case made by Ofori et al.113 who had made the conclusion that 
had Pt substituted for Al, a decrease in lattice parameter would result. It therefore 
seems clear why Pt expands the γ′ lattice when examining the metallic radii of the 
elements involved.  It should be noted, however, that the lattice parameter of 
unalloyed γ′ is 3.57Å, which is the Al-Al bond distance, while the Ni-Al bond 
distance is 2.524 Å.  This indicates that the bond energy secondary to the atomic 
radius of the alloying element when considering site preference in γ′.13 
Finally, upon examination of Fig. 7.9, which was adapted from Kamm et al.,109 it can 
be seen that despite the presence of the L10 α-Ni3-xPtxAl phase, the increase in lattice 
parameter from the stoichiometric Ni3Al phase (a=3.57Å) to the stoichiometric Pt3Al 
phase (a=3.86Å) is approximately linear over the entire Pt concentration.  This is in 
agreement with Meininger et al.135    
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Fig. 7.9 Adapted from Kamm109 showing the relationship between the lattice parameters of Ni3Al 
and Pt3Al. 
 
Because of this linear relationship over the Pt solubility range within the γ′-Ni3Al 
phase, a Vegard’s Law coefficient can be determined as 4.8x10-3 Å/at% Pt.  This is in 
good agreement with the 5.1x10-3 Å/at% Pt presented by Reed.13 Using these 
Vegard’s Law coefficients, re-examination of Fig. 7.8 can be conducted.  Assuming 
that the γ′ phase in the Ni-19Al-30Pt alloy had reached its solubility limit of ~30at% 
Pt, a comparison of lattice expansion can be made, and this is done in the following. 
It can be seen from Table 7.6 that there is very good agreement between the 
synchrotron data and those obtained using different coefficients to Vegard’s Law.  
Further, and it can be inferred that the linear Vegard’s Law coefficient for Pt stems 
from the linear relationship of the lattice parameters of Ni3Al and Pt3Al.  This gives a 
clear understanding of the expansion that takes place upon alloying of the γ+γ′ 
system with Pt.  It is important to note that the lattice misfit was measured at 
approximately 1.5%, which is about three times larger than the traditionally used 
misfit value of 0.4-0.6% for superalloys.  This poses an immense obstacle in 
producing a Pt-modified superalloy with the correct lattice misfit.  
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Table 7.6 Change in lattice parameter of γ′-Ni3Al from different data 
Phase Lattice 
Parameter 
Kamm’s 
Coefficient 
Reed’s Coefficient 
Synchrotron  
(This Investigation)  
Ni3Al (Å) 3.57 3.57 3.61 
(Ni,Pt)3Al (Å) 3.714 3.723 3.76 
Change (Å) 0.144 0.153 0.15 
 
7.4.3 Addition of Chromium (Cr) 
Despite the large Pt partitioning problem, an additional alloying element was 
added.  Chromium was added because of its well-known ability to promote the 
formation of Al2O3 during high temperature exposure through a gettering effect; 
which allows for lower amounts of Al to be used and still posses an exclusive Al2O3 
scale.42,47,45,46,136 When 5 at% Cr was added to the starting alloy, two beneficial effects 
were observed.  The first was an increase in γ′ volume fraction, as seen in Fig. 7.12, to 
a value more conducive to a Ni-base superalloy.  The reason for the increase in γ′ 
volume fraction is that in the ternary Ni-Al-Cr system, the γ′ phase-field extends to 
regions of lower Al.  It is one of only a few elements that substitute into both the Ni 
and Al sites within the γ′ phase. 137  Interestingly though, the first-principle 
calculations predict that Cr will sit in the Al site in all occasions,119 and therefore 
should before similarly to Ta. As a result of the lower Al phase-boundary, the bulk 
composition therefore has a higher volume fraction of γ′ dictated by the tie line.     
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Fig. 7.10 Ternary phase diagram of Ni-Al-X with multiple ternary elements.13 
 
This increase in γ′ volume fraction has also been predicted by the PANDAT 
software. Fig. 7.11 summarizes the γ’ (red) and γ (blue) volume fractions with 
increasing temperature for the composition of Ni-15Al-5Pt-0.1Hf with 0, 2.5, and 5 
at% Cr respectively.  Since the only two solid phases present are the γ and γ′, the 
summation of these two phases must total 100%.  The experimental micrographs at 
1050oC are also shown.  Qualitatively the increase in γ′ volume fraction can be seen 
as the Cr content increases.  The experimentally determined (DTA) and calculated 
(PANDAT) phase transition temperatures along with the predicted γ′ volume 
fraction are shown as well.  There is some discrepancy between the predicted and 
calculated volume fraction of γ′ and solidus temperatures at low Cr levels, however 
the agreement increases with a larger amount of Cr present in the system.  This 
comparison between experimental and predicted phase compositions illustrates the 
need to more experimental data to verify and improve the accuracy of the predictive 
modeling tools.  
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Fig. 7.11 Changes in γ′  volume fraction with increasing Cr content from PANDAT predictions, 
microstructure of heat-treated samples and changes in γ′  solvus temperature from DTA for Ni-
15Al-5Pt-0.1Hf with 0, 2.5, and 5 at% Cr 
 
In addition to the increase in γ′ volume fraction there was a decrease in lattice 
mismatch between the γ and γ′ phases.  This lattice misfit decrease was a result of the 
decreased partitioning of Pt to the γ′ phase.  EPMA partitioning coefficients are 
presented in Fig. 7.13 for the two alloys.  The aluminum partitioning does not 
change significantly while the Pt partitioning does reduce.  The lattice misfit at 
1000oC for the alloy containing Cr (δ=0.63%) is a much more manageable lattice 
misfit compared to the alloy without Cr (δ=1.29%).    
83 
 
Fig. 7.12 Change in γ′  volume fraction with the addition of 5 at% Cr and the resulting decrease in 
lattice misfit determined from synchrotron at 1000oC 
Fig. 6.1  
 
 
Fig. 7.13 Change in Pt partitioning coefficient with the presence of Cr in the alloy 
 
In addition to the microstructural benefits observed from the addition of Cr, 
oxidation characteristics also improved.  Two model alloys, one containing Pt, and 
the other containing Ir were modified with Cr and exposed to very short-term 
oxidation tests at 1150oC in addition to long-term tests carried out isothermally at 
1000oC for 100 hours.  These results are summarized in Fig. 7.14, which clearly show 
that even during extremely short times, the addition of Cr is beneficial in promoting 
slow-growing Al2O3 scales, over the non-protective NiO. 
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Fig. 7.14 Short-term oxidation heating up to 1150oC and long-term isothermal oxidation at 1000oC 
for 100 hours for the compositions stated 
 
This quicker transition to the stable Al2O3 scale on the Cr-containing alloy allows for 
a reduction in overall weight gain.  This is observed in Fig. 7.14 at 1000°C for both 
the Pt and Ir containing alloys.  For comparative purposes, the non-PGM containing 
alloy, as well as a Pt-modified β is shown as well.  These alloys all have similar 
weight-gain behavior at 1000oC.  This indicates that during an isothermal hold at 
1000oC the addition of a PGM did not dramatically change the oxidation 
constituents.  This result however is not surprising, as PGM additions have not been 
observed to decrease the parabolic rate constant of an Al2O3-forming alloy to the 
extent that reactive elements do.  Since all alloys, except for the Pt-modified β, 
contain Hf, similar parabolic rate constants and hence weight gains would be 
expected. 
 
7.4.4 Substitution of Ir 
As seen in the previous section, the use of Ir without the presence of Cr was inferior 
to the use of Pt; however, with the presence of Cr, Ir was comparable in its oxidation 
behavior during isothermal oxidation.  Therefore, the use of Ir was further tested to 
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determine if it had the same beneficial effects as Pt.  If comparable, it would be 
advantageous because its much lower cost would not hinder the use of a PGM-
modified alloy.  Therefore it was prudent to test this PGM as well in cyclic oxidation.  
(The results are presented in a later chapter.)  Based on those longer-time cyclic 
oxidation experiments at 1000oC, parabolic rate constants of the Pt and Ir containing 
alloys were determined and plotted on a published Arrhenius plot of Al2O3 scaling 
kinetics.138  This plot shows that the scaling kinetics of the PGM-modified alloys are 
well within the region of previously measured Al2O3 scaling kinetics, with the Ir 
containing alloy showing a slightly lower rate constant.  Isothermal oxidation at 
1150°C for 100 hours also showed that use of Ir may be possible in place of Pt; see 
Fig. 7.15. 
 
Fig. 7.15 PGM-modified alloys plotted on a published Arrhenius plot for the parabolic rate 
constants of Al2O3 scaling138 
 
In addition to the similar oxidation characteristics and lower cost of Ir, its effect on 
microstructure appeared to have lesser effect than Pt.  The microstructure of the Pt- 
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and Ir-containing alloys aged at 1050°C are shown in  Fig. 7.16 along with the later 
determined lattice misfit.  It can be seen that the Ir-containing alloy has a lattice 
misfit approximately half of the Pt containing alloy.  To better elucidate the reason 
for this decreased lattice misfit, a phase partitioning analysis was conducted.  The 
partitioning analysis, which will be discussed in more detail in a subsequent 
chapter, showed that the Ir partitioning coefficient at 1050oC is 1.06.  This slight 
partitioning to the γ phase is in agreement with previous investigations.107,108,113  
 
Fig. 7.16 Microstructures after standard heat-treatment of base alloy Ni-15Al-0.1Hf with the above 
listed modification with its in-situ synchrotron measured lattice misfit at 1000oC 
 
One reason for this change in partitioning is that no equilibrium Ir3Al phase exists 
and hence a quasi-binary Ni3Al-Ir3Al is not possible.  Therefore, partitioning to the γ 
phase seems more likely.  In addition to the slight partitioning to the γ phase, Ir has a 
slightly smaller metallic radius (r=1.35Å) compared to Pt (r=1.38Å) and its site 
preference is more complicated compared to Pt.  Pt sits on the Ni sites regardless of 
temperature and Ni content, while the Ir site preference changes with temperature 
and Ni content according to first-principle calculations.119 Murakami et al.107 
determined that Ir sits on the Al sites through atom probe field ion microscopy 
(APFIM), monte carlo simulations (MCS) and cluster variation method (CVM).  The 
CVM method, however, differed greatly in its extent of Al site preference compared 
to the APFIM and MCS, indicating a discrepancy in the prediction.  This would 
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make sense, as the first-principle calculations by Jiang et al.119 indicated that Ir 
switches from Ni site, to Al site, to no preference depending on temperature on Ni 
content; however for a temperature of approximately 1000oC and a Ni-rich γ′ phase, 
the Ir is slightly more energetically favored to the Al site.119 
Because of this site preference to some of the Al sites, the change in lattice parameter 
may not be as profound, since the atomic radii of the Al atom (r=1.43Å) is larger 
than Ir, however, some Ir does partition to the Ni sites and does increase the lattice 
parameter compared to the Ni metallic radii (r=1.25Å).  This, in addition to the slight 
partitioning to the γ phase, is the basis for the decreased lattice parameter and hence 
misfit of the Ir containing alloy. 
 
7.5 Slow-Cooling Heat-Treatment for Partitioning Analysis 
The previous sections clearly showed that quantitative analysis of phase 
composition is crucial in determining and evaluating how it correlates to the lattice 
misfit. However, phase partitioning analysis of the PGM-modified γ+γ′ Ni-base 
model alloys has proven difficult by conventional methods due to the very small 
size of the γ′ precipitates, greatly reduces the accuracy of measured compositions.202 
TEM analysis utilizing an EDS system can be very accurate for phase compositions, 
however, TEM preparation can be difficult and time consuming.  In addition, 
coarsening rates of Ni-base superalloys have proven to be very slow, inhibiting the 
use of coarsening to sufficiently result in coarse microstructures for accurate phase 
composition analysis except for aging at very long times (>800 hrs). 
In order to overcome this phase partitioning measurement problem, several 
experiments were conducted to determine if different heat treatments could 
successfully result in coarse γ′ microstructures to reveal the phase partitioning.  Two 
model alloys were chosen to test the effects of heat-treatment on microstructure.  A 
schematic illustrating the heat-treatment is displayed in Fig. 7.17. 
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Fig. 7.17 Profile of slow-cool heat-treatment for producing coarse microstructures 
 
The two alloys studied were Ni-15Al-2.5Pt-5Cr-0.1Hf and Ni-15Al-2.5Ir-5Cr-0.1Hf.  
Previous DTA concluded that γ′ solvus temperatures for both alloys were around 
1150oC.  The heat-treatment was conducted to first homogenize the alloys at 1250oC 
followed by bringing the alloys to 1200oC.  Once stabilized at 1200oC, the alloys were 
cooled at a constant rate to 1050oC followed by a short hold at 1050oC for 10 minutes 
and then ending with a water quench.  The variable was the time the alloys 
underwent the change when cooling from 1200 to 1050oC.  The variables are 
presented in Table 7.7.  Each alloy was tested in all three cooling rates followed by 
etching and SEM analysis.  The micrographs in Fig. 7.18, all of which are the same 
magnification, summarize the results of the different cooling rates through the γ′ 
solvus. This is similar to an investigation by Malow et al. who found that slower 
cooling rates resulted in larger γ′ precipitates.139 
 
Table 7.7 Linear cooling rate variable for heat-treatments 
Time X hrs (1250 to 1050oC) 1 10 100 
Cooling Rate (oC/min) 2.5 0.25 0.025 
 
The homogeneous nucleation of the γ′ precipitates can be described as21 
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where the main factor controlling precipitation is  ΔG* which , for a spherical 
nucleation can be described simply by 
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It can readily be assumed that the interfacial energy γ is small for Ni-Al systems, so 
that the largest factor influencing ΔG* is the volume free energy change ΔGV.  The 
volume free energy change is associated with the free energy change between the 
two phases and it is directly related to the degree of undercooling, ΔT, below the 
transformation temperature. 
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If ΔT is extremely small, as it is in the slow cooling heat-treatments, ΔGV becomes 
extremely small. 
If ΔGn is small then ΔG*, the barrier to nucleation, is quite large.  It should be noted 
that ΔG* is always a positive number.  According to the homogenous nucleation 
rate, as ΔG* increases, the nucleation rate decreases.  This is the premise behind the 
slow-cooling heat-treatments. 
It can be seen that as the cooling rate decreases, precipitate growth is favored over 
nucleation and consequently the microstructure becomes coarser.  At faster cooling 
rates the γ′ growth is dendrite-like and is indicative of growth faster than the 
diffusion fields of the rejected species.173  At longer cooling times, the growth 
becomes more planar, as diffusion fields are allowed to move as growth continues.  
The γ′ size for the cooling rate of 0.025oC/min is on the order of 10µm.  
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Fig. 7.18 Top row 2.5Ir, bottom row 2.5Pt (from left to right 1,10, and 100 hr cooling rates). 
 
This method of producing a coarse microstructure is more effective than coarsening 
a low temperature precipitated microstructure.  Fig. 7.19, all the same magnification, 
shows each model alloy aged at 1000oC for 100 hours after homogenization (right 
column) compared to the 100 hour slow cooled alloys (left column).  It can clearly be 
seen that for a time frame of 100 hours the slow cooling is much more effective than 
low temperature precipitated coarsening. 
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Fig. 7.19 Top row 2.5Pt, bottom row 2.5Ir with left column showing the 100 hr cooling rate with the 
right column showing 100 age at 1000oC 
 
This method of producing coarse γ′ microstructures can be applied to higher order 
alloys systems to determine if it is as effective as in the model alloy systems. EPMA 
analysis was conducted on the slow-cooled microstructures to determine phase 
compositions and hence, partitioning coefficients.   
It is prudent to determine all effects of both Pt and Ir on the microstructure if Ir is to 
be used instead of Pt in a PGM-modified superalloy.  Therefore the results of the 
phase partitioning analysis, along with a detailed characterization of the entire two 
systems is given in Chapter 9, which was recently published in Metallurgical and 
Materials Transactions A.  Additionally, a thorough oxidation and hot corrosion 
analysis on these two alloys in addition to a non-PGM-containing alloy are 
presented in Chapter 8.  The content of that chapter is being developed for 
submission to Oxidation of Metals.  These two chapters will give additional guidance 
and insight into the effects of Pt and Ir on the microstructural, oxidation, and hot 
corrosion on the Ni-base model alloys. 
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7.6 Conclusions 
 To provide the unique characteristics and properties that are required for a thin 
sheet/foil application, the material “class” which best fulfills and has the best 
chances for success is an intermetallic-strengthened γ-Ni+γ′-Ni3Al alloy.  They 
provide Al-rich precipitates that allow for the formation of a protective and slow-
growing Al2O3 scale. 
 The use of PGM’s has been shown by previous investigators that they can be 
beneficial by increasing the scale spallation resistance during thermal cycling and 
by increasing the resistance to salt-induced hot corrosion attack.  The drawback 
of modifying a existing alloy is that newer generation alloys, which have larger 
amounts of γ′ forming elements, have very tight workable composition space and 
modification with a “radical” element like Pt can seriously affect the 
microstructure in a negative manner. 
 The optimization of the Hf content in any system is composition dependent.  
Previous investigators have shown that Pt decreases the Hf activity and thus 
reduces or even eliminates the internal oxidation of Hf to HfO2 by a 
displacement reaction with Al2O3 that would be expected to take place under 
standard-state conditions.  As a result of the decreased Pt content with respect to 
Pt-containing γ+γ′ coatings, the Hf content must be reduced from a value near 
0.5at% for the coatings to a value of 0.1at% for PGM-modified bulk alloys 
containing a maximum of about 5at% Pt. 
 The γ′ lattice parameter is greatly influenced by its site preference within the γ′-
Ni3Al ordered L12 phase.  Because of the strong bonding between Pt-Al and Ni-
Al and weak bonding between Pt-Ni, the site preference of Pt on the Ni sites 
maximizes the most nearest neighbor pairings of Pt-Al and Ni-Al.  As a result of 
the site preference, Pt expands the γ′ lattice parameter due to its substitution for 
Ni, which has a smaller metallic radius.  The Vegard’s Law coefficient for Pt in γ′ 
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is shown to be between 4.8-5.1x10-3 Å/at%, which has agreement between 
literature and experimental results. 
 The addition of Cr was beneficial from an oxidation standpoint, which was in 
agreement with numerous previous results stemming from the Ni-Al-Cr system.  
In addition to the improved oxidation performance, the Cr increased the γ′ 
volume fraction by shifting the  γ′ phase-field to a region of lower aluminum, 
while at the same time reducing the partitioning coefficient of Pt to the γ′ phase.  
This reduction in the γ′ partitioning coefficient of Pt decreased the lattice misfit of 
Ni-15Al-5Pt-0.1Hf by a factor of ~2 to a value of ~0.6%, a more reasonable value 
compared to traditional Ni-base superalloys.   
 The addition of Ir was investigated as a result of excellent oxidation 
characteristics and its decreased cost compared to Pt.  Ir was also different from 
Pt in that it partitions slightly to the γ phase while Pt partitions largely to the γ 
phase.  This may be a result of the lack of a Ir3Al phase within the Ir-Al binary. 
Its site preference within the γ′ also differs from Pt in that it is composition and 
temperature dependent, however within the realm of the alloys studied at high 
temperature, the site preference is energetically favorable slightly to the Al 
sublattice.  Because the Al site has a larger metallic radius the Ir would have as 
large of an affect as Pt on expanding the γ′ lattice parameter. 
 As a result of the importance in determining quantitative phase compositions a 
slow-cool heat-treatment was developed.  The heat-treatment takes advantage of 
the reduced driving force for nucleation and increased growth.  In addition to 
lower nucleation, cooling rates were sufficiently slow that diffusion profiles of 
rejected solute were able to diffusion away from the growth front such that 
planar growth fronts were attainable, indicative of an equilibrium condition.  
This heat-treatment was used throughout the alloy development process to attain 
two-phase morphologies sufficiently large that EPMA analysis was not 
diminished by large errors due to large interaction volumes.  
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8.1 Abstract 
Three experimental Ni-base alloys, which have been designed for structural and 
surface stability, were thoroughly tested.  These alloys show promise for excellent 
high temperature strength, oxidation and hot corrosion resistance.  Surface analysis 
included microstructural effects and heating rate sensitivity, GD-OES analysis of 
very short-term oxidation, isothermal and long-term cyclic oxidation and analysis at 
1000oC and 1150oC, Type I hot corrosion was conducted as well.  GD-OES indicated 
a decrease in oxygen permeability with the presence of a PGM and facilitated the 
formation of an Al2O3 scale during very short time exposure.  Cyclic oxidation at 
1150oC found the presence of a PGM to be beneficial despite the presence of a rare-
earth dopant.   
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8.2 Introduction 
Ni-base superalloys have been used extensively in high-temperature applications for 
their strength and high temperature stability, most notably aero gas turbine engines.  
To increase the efficiency of such engines, a constant increase in superalloy 
operating temperatures of has been observed.  The performance of superalloys at 
high temperature can be generally discussed from two important standpoints, 
surface stability and structural stability.  Structural stability is often of primary 
concern for alloy designers and surface aspects are usually neglected in response to 
the use of coatings.  Applications due exist however where the use of a coating is 
impractical.  In these niche applications a superalloy with both surface and structural 
stability is needed.  Surface stability requirements would mainly include resistance 
to both oxidation and hot corrosion.   
Early work by Coupland and co-workers89,91 found that additions of Pt to a Ni-base 
superalloy increased both the hot corrosion resistance in addition to scale adherence 
during cyclic oxidation.   However such exotic alloys at the time were not required 
for the desired performance.   
Interest in the γ+γ′ region of the Ni-Al-Pt-Hf system has recently increased because 
alloys based on this system exhibit excellent resistance to both oxidation and hot 
corrosion.140  The excellent surface stability of the Ni-Al-Pt-Hf system arises from the 
formation of a very stable and adherent α-Al2O3 layer very early on during high 
temperature exposure.  With the development of γ+γ′ coatings within the Ni-Al-Pt-
Hf system, a renewed interest in structural alloys based on this system has come 
about given the advanced applications which now require such high performance.   
In developing a superalloy however, the Al level must be reduced to attain a γ′ 
volume fraction indicative of a superalloy rather than a coating.  The Pt level must 
also be lowered to reduce costs to a manageable level.  Because of the lower Al and 
Pt contents, Cr is added to the system for its well known effect of decreasing the 
transient oxidation period and promoting Al2O3 scale growth. Extended transient 
oxidation can cause large amounts of material to become degraded and can 
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compromise the structural integrity of a component; therefore the formation of a 
protective Al2O3 scale is absolutely essential, even during the very initial stages of 
exposure.  The Ni-Al-Pt-Cr-Hf system in early results indicated oxidation kinetics 
similar to β-(Ni,Pt)Al, moreover, the two phase γ+γ′ nature of these alloys offer 
excellent potential for achieving high temperature strength.  It therefore is prudent 
to understand the effects by which the addition of small amounts of a PGM can 
change the surface stability of an alloy system.    
The aim of the current work is to thoroughly characterize the effects of PGM’s in 
terms of its environment resistance.  The replacement of Pt with Ir using the same 
atomic compositions was also studied to determine if Ir will yield similar results to 
Pt, while reducing overall cost of the alloy.  Comparison of a non-PGM containing 
alloy was also conducted. 
Surface stability experiments included microstructure morphology effects, heating 
rate sensitivity, GDS analysis of very short-term oxidation, isothermal and cyclic 
oxidation and analysis.  Type I hot corrosion tests on pre-oxidized samples were also 
conducted.  The nominal compositions of the tested alloys are found in Table 8.1. 
  
Table 8.1 Nominal compositions in at% of the alloys studied 
Alloy Ni Al Pt Ir Cr Hf 
Alloy 1 Bal. 15 2.5 - 5 0.1 
Alloy 2 Bal. 15 - 2.5 5 0.1 
Alloy 3 Bal. 15 - - 5 0.1 
 
    
8.3 Experimental Procedure,  
8.3.1 Sample Preparation 
Ingots of each alloy composition were prepared by vacuum arc-melting high purity 
constituent elements followed by drop-casting into copper molds to obtain rods of 
1.0 cm in diameter by 3.0 cm in length.  The as-cast rods were sealed silica tubes 
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which were backfilled with Ar then heat-treated at 1250oC for 6 hours to fully 
homogenize followed by a water quench to avoid excessive precipitation of the γ′ 
phase.  The ingots were removed from the silica tubes and aged at 1050oC for 4 
hours to achieve the desired microstructure.  Individual sample disks were then cut 
to approximately 0.15 cm in thickness.  All surface experiment samples were 
polished using SiC paper down to a 1200 grit finish followed by ultrasonic cleaning 
in acetone and drying. 
8.3.2 Isothermal Oxidation 
The prepared samples were placed in an alumina boat and inserted into a pre-
heated horizontal tube furnace.  Oxidation took place in still lab air at either 1000 or 
1150oC for 100 hours.  Temperatures were held constant with a type R-Pt-Pt/Rh 
thermocouple.  After oxidation the alloys were allowed to cool to room temperature.  
The weight gains after oxidation were conducted using a microbalance. 
8.3.3 Cyclic Oxidation   
Cyclic oxidation samples were placed in an alumina container that was supported 
by a Pt wire to a fused silica rod that moves vertically in and out of the vertical tube 
furnace on a timer.  Temperatures were monitored using a Type R-Pt-Pt/Rh 
thermocouple.  Oxidation was conducted in still lab air.  One thermal cycle consisted 
of 1 hour at 1000 or 1150oC followed by ½ hour at ~70oC.  This process was repeated 
for 500 cycles with mass change measurements taken intermittently at ~20 cycles 
with a microbalance.   
8.3.4 Oxidation Cross-Section 
Following oxidation, samples were gold sputtered in a SPI gold sputter to make the 
oxide scale conducted, this was followed by copper plating in a solution of 
CuSO4⋅5H2O/H2SO4 with a current density of ~1.0 A/dm2 for 15-20 hours.  The Cu-
plated samples were mounted in a cold epoxy and cured.  The mounted samples 
were cross-sectioned with a high-speed SiC blade wafering saw. 
8.3.5 Glow Discharge-Optical Emission Spectroscopy 
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Samples of each alloy were prepared as mentioned previously and inserted into a 
pre-heated furnace at 1150oC for 45 seconds and 3 minutes.  A sample heating 
profile has determined that after 45 seconds the sample temperature is 
approximately 700oC and after 3 minutes the temperature is approximately 1120oC.  
The samples were then taken out of the furnace and air cooled. GD-OES was then 
used to determine the composition profiles for each alloy after both 45 seconds and 3 
minutes. 
8.3.6 Type I Hot Corrosion 
All samples for hot corrosion were prepared in the same manner as the oxidation 
samples.  Samples were pre-oxidized in air at 1000oC for six hours in the same 
conditions as the isothermal oxidation.  After pre-oxidation, samples were placed in 
a three-zone horizontal tube furnace at 900oC.  A molten Na2SO4 salt bath at 1040oC 
was placed in the furnace in the gas path prior to the samples.  A carrier gas of O2-
0.1% SO2 was passed through a platinized honeycomb catalyst to form an 
equilibrium amount of SO3, which is used to stabilize the salt activity.  The samples 
are placed on an alumina boat and put into a room-temperature furnace and the gas 
path is sealed.  The furnace is ramped up to temperature and the carrier gas is 
started.  After 20 hours of exposure the samples are cooled and removed from the 
furnace and weighed.  Prior to re-insertion, Na2SO4 salt is directly deposited on the 
samples at a range of 1-2 mg/cm2.  Weight gain measurements were determined by 
recording the sample weight after salt deposit but before entrance into the furnace 
and then again after each cycle.  The samples were then re-inserted into the furnace 
for an additional 20 hours.  This process is repeated with salt re-deposition every 20 
hours until 100 hours of exposure.  This process consists of five 20 hour cycles.  
Aggressiveness after 100 hours of exposure is equivalent to 1000 hours in the 
traditional Burner Rig experiment. 141   For a more detailed description of the 
experimental conditions the reader is referred to reference.141   
8.3.7 Type I Hot Corrosion Cross-Section 
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Cross-section consisted of cold mounting in epoxy and sectioning with a low-speed 
diamond saw using a kerosene lubricant.  Polishing is conducted using SiC papers 
and diamond paste with the use of ethanol as a lubricant to prevent the dissolution 
of the water-soluble corrosion products. 
8.3.8 Imaging 
Imaging of the samples took place in a Hitachi SEM under high vacuum using BSE 
imaging. 
 
8.4 Results 
8.4.1 Isothermal Oxidation 
These results of the isothermal oxidation at 1000 and 1150oC are presented in Fig. 
8.1.  At 1000oC, all alloys form a thin Al2O3 scale, confirmed by EDS.  Consumption 
of the Al from the formation of the Al2O3-rich scale caused a depletion layer thereby 
dissolution of the Al-rich γ′-Ni3Al precipitates.  Little to no HfO2 was visible at 
1000oC.  Oxide scale morphologies differ from Alloy 1 as it appears to oxidize in a 
more uniform fashion than Alloys 2 or 3.  The more planar scale is consistent with 
quicker θ to α transitions whereas the feather-like Al2O3 scale which is observed in 
Alloys 2 and 3 is more consistent with slower θ to α transitions.53 
At 1150oC the oxide scale morphology appears to change from in outward growing 
scale to an inward growing scales.  There is also more visible internal HfO2 
formation, confirmed by EDS.  Due to the increased oxidation rate, and hence Al 
consumption, the denuded zone has increased to a depth beyond the image.  
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Fig. 8.1 Isothermal oxidation for 100 hrs in air for Alloy 1 at a) 1000oC and b) 1150oC, for Alloy 2at 
c) 1000oC and d) 1150oC and Alloy 3 at e) 1000oC and f) 1150oC 
        
8.4.2 Glow Discharge Optical Emission Spectroscopy (GD-OES) 
GD-OES can be utilized by means of successive cathodic sputtering of a surface to 
determine compositional variations over a very fine depth scale without worry of 
interaction volume, which can be associated with EPMA analysis.  The results of 
each sample are presented in Fig. 8.2-Fig. 8.4.  
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Alloy 1 after 45 seconds showed the presence of a NiO layer with a thickness of 50 
nm on the surface with Cr and Al enrichment layers below.  After 3 minutes the NiO 
layer had grown to 500 nm with an Al2O3 layer established in the sub-surface below 
the NiO.  The Cr enrichment at the surface remained, but did not increase over the 
time period.  Alloy 2 behaved in a very similar manner to Alloy 1.  A 50 nm thick 
NiO layer formed initially on heating with enrichments of Cr and Al beneath.  After 
3 minutes Alloy 2 had a 400 nm thick NiO layer with a well-established Al2O3 layer.  
In contrast to Alloys 1 and 2, Alloy 3 was measurably different as it formed a 100 nm 
thick NiO layer upon heating and also formed Cr and Al enrichments in the sub-
surface.  After 3 minutes of oxidation the NiO layer was over 2 µm thick and the 
formation of an Al2O3 scale had not yet been fully established.  This change in 
behavior may be attributed to a change in oxygen permeability within the alloys.  
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Fig. 8.2 GD-OES measurement of Alloy 1 oxidized after a) 45 sec and b) 3 min 
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Fig. 8.3 GD-OES measurement of Alloy 2 oxidized after a) 45 sec and b) 3 min 
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Fig. 8.4 GD-OES measurement of Alloy 3 oxidized after a) 45 sec and b) 3 min 
 
8.4.3 Cyclic Oxidation 
The results for all alloys at 1000oC are presented in Fig. 8.5. The simplified steady-
state parabolic oxidation equation is defined as 
tkm p=!
2  Eq. 8.1 
 
where Δm is the change in mass per area.  Cycles 100-500 are considered to be 
steady-state and the parabolic rate constant, kp, was derived from plots of Δm=(kpt)1/2 
which are superior to Δm2=kpt plots.142  The cyclic oxidation rate constants for Alloys 
1, 2, and 3 were calculated and are presented in Table 8.2.  All calculated values had 
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an R2≥0.94, indicating good agreement with parabolic behavior that arise from scale 
growth limited by diffusion through the oxide. 
These values are consistent with previously reported Al2O3 scaling kinetics for the 
given temperature.66  Upon examination of the parabolic rate constants, it can be 
seen that Alloy 3 had the lowest value.  During the initial transient stages of 
oxidation (first 100 cycles), much of the weight gain occurs and Alloys 1 and 2 show 
lower amounts of oxygen pick-up compared to Alloy 3 as can be seen in the Fig. 
8.5(inset). 
-0.2
0
0.2
0.4
0.6
0.8
1
1.2
1.4
0 100 200 300 400 500
Cycles
!
m
 (
m
g
/c
m
2
)
Alloy 1(Pt)
Alloy 2 (Ir)
1000 oC
Alloy 3 (None)
0
0.2
0.4
0.6
0.8
0 25 50
!
m
 (
m
g
/c
m
2
)
 
Fig. 8.5 Cyclic oxidation mass gains at 1000oC for Alloy 1 (– –), Alloy 2(– –), and Alloy 3(––) 
 
Table 8.2 Cyclic oxidation parabolic rate constants at 1000oC 
Alloy kp (gm2/cm4·s) 
Alloy1 4.66x10-14 
Alloy 2 3.53x10-14 
Alloy 3 3.19x10-14 
 
The cross-section analysis of all three alloys after 500 oxidation cycles indicated the 
formation of a planar Al2O3 scale.  None of the alloys showed any evidence large 
amounts of spallation, consistent with the mass gain curves.  A depletion layer of Al 
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was observed by the dissolution of the Al-rich γ′ phase in Alloys 1 and 2.  The 
depletion layer of Alloy 3 was larger than either observed in Alloys 1 or 2. 
 
         
 
Fig. 8.6 SEM cross-section of a) Alloy 1,  b) Alloy 2, and c) Alloy 3 all showing exclusive Al2O3 
formation during cyclic testing at 1000oC 
 
Cyclic oxidation was also carried out at 1150oC and revealed differences between the 
three alloys.  Early stage weight gains were found to be slightly lower than 1000oC 
(inset Fig. 8.7) for all alloys due to the larger flux of Al to the surface, establishing 
the formation of an Al2O3 scale at earlier times.  Cyclic oxidation parabolic rate 
constants were determined at 1150oC, as they were for 1000oC and are presented in 
Table 8.3.  A parabolic rate constant could not be determined for Alloy 3 due to the 
large amounts of spallation observed over the duration of oxidation.  It is 
noteworthy to reiterate that all alloys contain 0.1 at% Hf, which promotes scale 
adhesion,[ref] yet an observed benefit of the PGM additions is still present. 
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Therefore PGMs, even at low levels can have beneficial effects of the PGM on oxide 
scale adhesion at 1150oC. 
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Fig. 8.7 Cyclic oxidation mass gains at 1150oC for Alloy 1 (– –), Alloy 2(– –), and Alloy 3(––) 
 
 
Table 8.3 Cyclic oxidation parabolic rate constants at 1150oC 
Alloy kp (gm2/cm4·s) 
Alloy1 5.33x10-13 
Alloy 2 5.97x10-13 
Alloy 3 N/A 
 
The cross-section images of all three alloys after cyclic oxidation at 1150oC showed 
larger amounts of internal HfO2 oxidation compared with 1000oC, consistent with 
the isothermal conditions. Fig. 8.8 again indicated that Alloys 1 and 2 showed 
compact inward growing Al2O3 scales indicative of protective oxide growth, 
however Alloy 3 showed a very thick and porous Al2O3 scale.  This is believed to be 
a result of repeated spallation and re-growth.  The γ′denuded zone, caused by sub-
surface depletion of Al, is off of the image due to the higher oxidation kinetics and 
accelerated consumption of Al at 1150oC. 
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Fig. 8.8 SEM cross-section of a) Alloy 1,  b) Alloy 2, and c) Alloy 3 all showing  Al2O3 formation 
with internal HfO2 during cyclic testing at 1150oC 
 
8.4.4 Type I Hot Corrosion 
The weight gain measurements taken for all three alloys are presented in Fig. 8.9. 
Alloy 1 did not show any signs of aggressive attack in the short term and continued 
to show a small steady increase in weight over the experimental duration.  Alloys 2 
and 3 in contrast, were attacked very aggressively in the short term with subsequent 
large drops in weight gain arising from salt/scale spallation, after which hot 
corrosion attack continued at a more constant rate.      
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Fig. 8.9 Type I Hot Corrosion weight gains for all alloys over the experiment duration at 900oC 
 
 
       
 
Fig. 8.10 Cross-sections of a) Alloy 1 b) Alloy 2 and c) alloy 3 of Type I Hot Corrosion Tests at 
900oC for 100 hrs 
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The cross-sectional images in Fig. 8.10 showed the marked difference in resistance to 
Type I hot corrosion between all the alloys.  Alloy 1 showed no discernable amount 
of attack, which was prevented by an intact and protective Al2O3 layer beneath the 
Na2SO4 deposit.  Alloy 2 weight gains and cross-sections revealed a large amount of 
internal attack with internal Ir-rich precipitates in the internal corrosion product. 
 
8.5 Discussion 
The isothermal oxidation at 1000 and 1150oC show different oxide scale 
morphologies.  At 1000oC the scale growth appears to be outward based on the 
relative location with respect to the initial alloy surface.  Meta-stable Al2O3 such as γ-
Al2O3, θ-Al2O3 and δ-Al2O3 may persist at temperatures from 900 to 1000oC, as the 
transformation to the stable α-Al2O3 is thermally activated.143,144,145 This would 
suggest that the meta-stable Al2O3 may have persisted for an extended period of 
time during isothermal oxidation at 1000oC.  This is supported by the whisker-like 
oxide scale morphology on Alloys 2 and 3 as seen in Fig. 8.1, which is has been 
related to meta-stable Al2O3 growth.146  In contrast Alloy 1 showed a planar scale at 
1000oC unlike Alloys 2 and 3, indicating a change in meta-stable Al2O3 growth. 
At 1150°C, the growth of alloys appears to be inward growing.  This conjecture is 
supported by the fact that the higher temperature of 1150oC has allowed for the 
transition to the stable α-Al2O3, which grows predominantly by inward transport of 
oxygen and the α-Al2O3 grain boundaries,147 especially with the presence of a 
reactive element.144  Internal HfO2 formation has also been observed at 1150oC for 
other Hf-doped alloys, which has also been observed by previous investigations.   
These results of isothermal oxidation suggest that the presence of Pt and not Ir may 
facilitate the nucleation and growth of the stable α-Al2O3 phase at temperatures 
where meta-stable Al2O3 growth is observed to be dominant. 
The GD-OES results show an enrichment of Cr at the surface after 45 seconds on 
heating, just above an enrichment of Al for all alloys.  This supports the third-
element-effect proposed by Kear et al., in which Cr decreases the oxygen partial 
109 
pressure at the alloy surface through the formation of mixed NiCr2O4.48 The GD-OES 
profiles have also shown that the presence of Pt and Ir facilitate the formation of Al-
rich surface layers during short-term exposure to oxygen at elevated temperatures 
beyond that of Cr.  
Wagner’s theory of oxidation states that the critical concentration of element B (i.e. 
Al), N*B, for the transition from internal to external BO formation on an A-B alloy is 
given by:185 
2
1
2
!!
"
#
$$
%
&
=
'
'
OXB
MOO
B
VD
VDNg
N
(
 Eq. 8.2 
 
 
where NO is the oxygen permeability, DO is the diffusion coefficient of oxygen in the 
alloy, DB is the diffusivity of the solute B (i.e. Al) and VM and Vox are the molar 
volumes of the alloy and the oxide respectively. Changes in the diffusivity of Al 
through the cross-term between Pt and Al is composition dependent, therefore it is 
reasonable to assume that the small concentration of Pt did not significantly affect Al 
diffusivity. Furthermore, results in Chapter 8 will conclude that Pt and for that 
matter, Ir decrease the diffusion of Al through a negative diffusion cross-term which 
has been reported by Gleeson et al.95  The diffusivity of oxygen is also likely 
unaffected.  Examination of the GD-OES profiles of oxygen suggests that there is 
decreased oxygen permeability with the presence of Pt and Ir.  As oxygen 
permeability goes down, so does the critical concentration of Al required to form an 
exclusive Al2O3 scale.  It can therefore be proposed that there is a strong possibility 
that both the Pt- and Ir-containing alloys decrease the oxygen permeability and as 
such, show increased Al enrichment at the surface after 3 minutes oxidation, see Fig. 
8.2-Fig. 8.4. Decreases in oxygen permeability have also been found for Pt-
containing Ni-Al base alloys through the use of Ni/NiO Rhine’s packs.95 
Surprisingly, no enrichment of Pt or Ir was found in the short-term oxidation 
profiles determined by the GD-OES.  This is in contrast to Hayashi et al.,90 who 
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found Pt enrichment at the surface for the same 45 second heating time.  Those 
alloys however were alloyed with 10-30 at% Pt, much less than the 2.5 at% present in 
the current investigation.  
The effects of Pt on promoting Al2O3 formation have been elucidated by Gleeson 
and colleagues90,111 and recently reviewed97 have been described to be a number of 
contributing factors. First and foremost, Pt has a strong preference for occupying Ni 
sites in ordered L12 γ′ phase.148  As a consequence, a given crystallographic plane 
containing both Al and Ni will show an increase in the Al:Ni atom fraction with 
increasing Pt content.  This enrichment of Al at the surface kinetically favors the 
formation of Al2O3 relative to NiO.  Contributing to this enrichment of the Al:Ni 
ratio is the tendency of Pt to segregate to the surface at very short times during high 
temperature exposure.111 This surface segregation of Pt was also predicted using a 
first-principle calculation by Jiang et al.149 and was confirmed in a recent study by 
Qin et al.150 via surface analysis.  This surface enrichment of Pt reduces the Ni 
content available for oxidation and increases the supply of Al to the surface by 
means of the negative chemical interaction between Al and Pt.  With regards to the 
latter, Pt decreases the chemical activity of Al,151 therefore an enrichment of Pt at the 
surface would increase the flux of Al to the surface by means of increasing the Al 
activity gradient.  This increased flux of Al to the surface also kinetically favors the 
formation of Al2O3.  The then formed Al2O3 scale protects the alloy from further high 
temperature degradation.152 
This suggests that platinum’s aforementioned abilities to act as a “third element 
effect”, may not greatly benefits a lean Pt-modified alloy towards the formation of a 
thermally grown Al2O3 scale.  The GD-OES results point towards the ability of Pt 
and Ir to reduce the oxygen permeability of the alloy during short-term oxidation 
and facilitate the formation of Al2O3 through a decreased N*B.  
The cyclic oxidation results at 1000 and 1150oC show that the presence of a PGM 
decreases the oxygen uptake during the transient stages of oxidation.  The reduced 
oxygen uptake is supported by the GD-OES results, which showed an enrichment of 
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Al thereby the formation of an Al2O3 rich scale that prevents any further oxidation of 
Ni, which was absent in Alloy 3 containing no PGM. In addition to the reduced 
transient oxygen uptake, a marked difference was seen between the Pt- and Ir-
containing alloys and the non-PGM alloy on the scale adherence during cyclic 
oxidation at 1150oC.  Hou et al.212,213 found that Cr additions have been found to 
increase the sulfur segregation to the oxide/alloy interface during high-temperature 
oxidation and the use of Hf as a reactive element did not result in a decreased sulfur 
content at the oxide/alloy interface.  The addition of Pt however was determined to 
reduce the segregation of sulfur to the interface that resulted in a qualitative increase 
in oxide adhesion strength.  
Inherent resistance to Type I hot corrosion of the underlying metal is difficult and 
therefore, to achieve passivity, the formation of a protective scale is essential.  Type I 
hot corrosion attack is associated with molten salt attack and a planar corrosion 
morphology.  This front attacks by fluxing or removing the protective scale and 
subsequently attacks the underlying metal.  Al2O3, in monolithic form, has excellent 
resistance to Type I attack from Na2SO4.  Therefore continuous intact thermally 
grown Al2O3 scales are resistant to acidic or basic fluxing under unmodified salt 
chemistry.209  Therefore the breakdown of Al2O3 protective scales have been 
observed to be produced by infiltration of sulfur-containing compounds through 
micro-cracks present in the protective scale.  The sulfur then produces metal sulfides 
as a result of the low oxygen partial pressure beneath the oxide scale.153  The salt 
chemistry is also crucial in allowing the oxide scale to remain protective.  Disolution 
of refractory oxides (e.g. WO3, V2O5) can reduce the oxide ion activity of the salt such 
that fluxing of the Al2O3 scale will proceed.  Cr2O3 does not sufficinetly reduce the 
oxide ion activity of the salt necessary for fluxing of the Al2O3 scale, therefore 
transient oxidation of Cr is not detrimental to Type I resistance.  Given that no 
refractories, and hence no refractory oxides, are present in the alloy; changes in salt 
chemistry sufficient for fluxing are limited.  However NiO has been found to change 
the salt chemsitry. 
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Since both the Pt- and Ir-containing alloys showed such similar short- and long-term 
oxidation behavior, a similar Type I resistance would be expected, however large 
discrepencies were observed.  The Pt-containing alloy however did show what 
appears to be an increaseed transformation to the stable α-Al2O3 at 1000oC as 
indicated by the oxide scale morphology.  The transformation to α-Al2O3 from a 
meta-stable phase has an associated volume change which can lead to cracking of 
the oxide scale.154,198,199 If the transition to the stable α-Al2O3 was quicker for the Pt-
containing alloy then a reduction in oxide cracking would be expected.  The absence 
of cracks would prevent or at least inhibit the infiltration of the sulfur-containing 
species to enter the metal causing an increase in Type I hot corrosion resistance.   
 
8.6 Conclusions 
• At 1000oC a difference in oxide morphology was observed for the Pt-
containing alloy compared to the Ir-containing and the PGM free alloy.  The 
whisker-like growth of the latter, is associated with meta-stable Al2O3 growth, 
is in contrast to the planar growth of the Pt-containing alloy, associated with 
the stable α-Al2O3. 
• A change in oxide morphology and growth direction was observed for all 
three alloys in isothermal oxidation from 1000 to 1150oC.  This change in 
growth was determined to be due to the suppression of outward diffusion of 
Al through a Al2O3 and primary growth through inward diffusion of oxygen. 
• During short-term oxidation, analysis with GD-OES found no real 
enrichment of PGM elements at the alloy surface.  Cr was slightly enriched at 
the surface during the first 45 seconds, indicative of the third-element-effect 
of NiCr2O4 formation.   
• The Pt- and Ir-containing alloy facilitated the growth of Al-rich oxide scales 
during the short-term, which is believed to be a result of decreased oxygen 
permeability compared to the PGM free alloy.  
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• Pt and Ir both decreased the transient oxygen uptake during the initial stages 
of cyclic oxidation.  This is in agreement with the short-term GD-OES profiles 
indicating the formation of Al-enriched scales.  Al2O3 scale adherence was 
also improved by the presence of Pt and Ir during cyclic oxidation at 1150oC.  
This is consistent with the results of Hou et al.212,213 who found decreased 
sulfur segregation to the alloy/scale interface of Pt-containing alloys. 
• Type I hot corrosion resistance was increased by the presence of Pt, but not by 
Ir.  Both alloys had similar short-term oxidation behavior in that little NiO 
was present on the surface of the alloys.  The discrepancy in hot corrosion 
resistance has been associated with the dense Al2O3 scale with reduced micro-
cracks and defects.  The defect reduction is believed to be a result of a quicker 
transition to the stable α-Al2O3 thereby minimizing the volume change 
associated with the phase transformation during pre-oxidation at 1000oC. 
Compared to the Ir-containing alloy, which was observed to have a meta-
stable oxide morphology at 1000oC, where Type I hot corrosion was not 
improved by its presence. 
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CHAPTER 9  STRUCTURAL STABILITY OF PGM-MODIFIED γ+γ′  
NI-BASE ALLOYS 
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9.1 Abstract 
The structural and surface stabilities of two experimental γ-Ni+γ′-Ni3Al-base alloys 
containing Pt or Ir were investigated.  These alloys are representative of alloys 
currently being developed to occupy a unique domain with a good combination of 
high temperature strength and resistance to oxidation and hot corrosion.  Structural 
characterization included differential thermal analysis (DTA), transmission 
synchrotron x-ray analysis, precipitate morphology evolution, phase partitioning 
behavior, TEM dislocation analysis, and isothermal precipitate coarsening behavior.  
Electron microprobe investigations showed that Pt partitions largely to the γ′ phase 
while Ir partitions more to the γ phase.  As a consequence, the influence of these two 
elements on the γ-γ′ lattice parameter mismatch was quite different.  Specifically, 
synchrotron X-ray analysis confirmed a positive γ-γ′ misfit in both the Pt- and Ir-
modified alloys in the temperature range of 700 – 1200˚C; however, the Pt 
partitioning to the γ′ phase resulted in a much larger misfit.  Coarsening kinetics of 
both alloys followed a cubic time dependence and Pt addition was more effective 
than Ir for slowing the coarsening rate.  Thermodynamic predictions on elemental 
partitioning and the solidus, liquidus and γ′ solvus temperatures were made using 
                                                
§ Materials and Metallurgical Transactions A. 40. 2009. pp 1529. 
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the software package PANDAT, the results of which were compared with 
experimental measurements. 
 
9.2 Introduction 
Nickel-base superalloys have been used extensively in high-temperature 
applications where strength and structural stability are required, most notably in 
aero gas turbine engines.  To increase the efficiency of such engines, a continuous 
increase in superalloy operating temperatures has been observed.  As temperatures 
continue to increase, multiple aspects of alloy stability become increasingly 
important.  In that regard, the high-temperature performance of superalloys can be 
generally discussed from two important standpoints, surface stability and structural 
stability.  Historically, structural stability has been the primary concern to alloy 
designers.  Factors such as precipitate coarsening, phase morphology, detrimental 
phase formation, and precipitate rafting are all of great importance. 
Superalloys that may be exposed to high-temperature applications exceeding 1100oC 
typically utilize a coating for environmental protection.  However, the use of 
coatings introduces potential deficiencies.  For instance, aluminide coatings can lead 
to extensive instabilities when in contact with newer generation superalloys.155  
Specifically, interdiffusion between the coating and the superalloy typically results 
in the precipitation of topologically close packed (TCP) phases by discontinuous 
reactions, producing a secondary reaction zone (SRZ).155,156  This SRZ measurably 
reduces the cross-sectional area of the creep-resistant γ+γ′ structure in thin-walled 
turbine airfoils, thus decreasing the mechanical properties of the superalloy/coating 
system.155-157  Even newer generation superalloys containing ruthenium, which is 
added for microstructural stability, are prone to form SRZ and TCP.158   
A few niche applications exist where the use of a coating is impractical.  In such 
cases, the alloys require both environmental resistance and high-temperature 
strength.  To that end, it has been shown that the addition of a platinum-group 
metal (PGM) to a Ni-based superalloy can confer improved oxidation resistance by 
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promoting Al2O3-rich scale formation.89,91 Accordingly, the potential exists to 
develop PGM-modified γ+γ′ alloys that exhibit high temperature strength and 
excellent resistance to environmental conditions.  Despite the relatively high cost 
associated with using even low amounts of PGMs in a structural alloy, it may be 
offset by the benefits of increased alloy performance and removal of the coating 
process. 
In order to increase the creep/strength properties of a PGM-modified γ+γ′ alloy 
system, use of refractory elements (e.g. Ta, W, Re) will be needed.  However, the 
presence of refractory elements can promote the formation of detrimental TCP 
phases.159,160,161 Refractory elements can also be detrimental to scaling behavior and 
hence surface stability. 40,65,81,162 Most refractory alloying elements used in Ni-base 
alloys are well defined in their influence on microstructure and strength; however, 
the incorporation of PGMs and their effects on microstructure and properties are 
relatively unknown.   
The aim of this study was to gain a more fundamental understanding of the 
metallurgical effects of adding PGMs to Ni-base superalloys.  Based on preliminary 
work by our group, two model alloys that exhibited excellent oxidation and hot-
corrosion resistance were chosen for study.  The nominal compositions of the two 
alloys (in at%) are given in Table 9.1.  Structural stability experiments included DTA, 
in-situ synchrotron x-ray analysis of phase volume fraction and lattice parameters, 
microstructure analysis, measurement of interfacial dislocations in post-creep 
samples, element-partitioning behavior, and isothermal coarsening kinetics.  
Thermodynamic predictions of alloy phase constitution and stabilities were made 
using the PANDAT software database and then compared with experimental 
results.     
Table 9.1 Nominal compositions in atomic percent of alloys studied 
Alloy Ni Al Pt Ir Cr Hf 
Alloy1 Bal. 15.0 2.5 − 5.0 0.1 
Alloy 2 Bal. 15.0 − 2.5 5.0 0.1 
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9.3 Experimental Procedures 
Ingots of each alloy were prepared by vacuum arc-melting high purity constituent 
elements followed by drop casting into copper molds to obtain 0.5 x 3.0 cm rods.  
The as-cast rods were sealed in silica tubes, which were backfilled with Ar and then 
homongenized at 1250oC for 6 hours followed by a water quench to avoid excessive 
γ′precipitation.  The ingots were then removed from the silica tubes and 
precipitation heat-treated at 1050oC for 4 hours in air. 
DTA samples measuring 3-4 mm in diameter and weighing approximately 275-300 
mg were sectioned using a wire electric discharge machine (EDM).  Samples were 
placed within an alumina crucible and experimental runs were conducted using a 
Setsys 16/18 SETARAM apparatus.  Samples were heated from 900-1500oC at a rate 
of 5°C/min to determine γ′-solvus and the solidus and liquidus temperatures.   The 
heating rate was optimized for accurate determination of these transition 
temperatures to within ±1°C. 163   
Samples prepared for the SEM were final polished in a colloidal silica slurry, 
cleaned, rinsed with ethanol, etched (33% H2O, 33% acetic acid, 33% HNO3, and 1% 
HF) and then carbon coated.  Samples prepared for the electron probe microanalysis 
(EPMA) followed the same procedure as those for the SEM, but the former were not 
etched in order to maintain chemical homogeneity.    
Samples of Alloys 1 and 2 were also EDM sectioned into 4x4x8 mm creep samples.  
Compression creep tests were conducted in a vacuum of 10-7 torr at a constant 
temperature of 1000°C (1273K).  Samples were crept to approximately one percent 
strain in order to promote the formation of interfacial dislocations that relax the 
misfit between the matrix and precipitate phases. 
TEM foils of the crept samples were sectioned parallel to the applied stress axis and 
twin-jet electropolished using a solution of 340ml methanol, 50 ml perchloric acid, 65 
ml butyl cellusolve, and 45 ml distilled water at a temperature of -40°C.  Samples 
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were imaged using a STEM Philips CM-12 with an operating voltage of 120 kV.  All 
samples were imaged with a [001] zone axis pattern. 
 
9.4 Results and Discussion 
9.4.1 DTA Results  
The results from the DTA analyses are presented in Fig. 9.1; Alloy 2 is shifted 
upward for clarity.  The arrows in this figure indicate the γ′ solvus temperature for 
each alloy, which is 1153oC for Pt-containing Alloy 1 and 1143oC for Ir-containing 
Alloy 2.  DTA results suggest no additional phases present based on the well-
behaved solvus, solidus, and liquidus events.  A summary of the transformation 
temperatures determined from the DTA analyses is given in Table 9.2. 
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Fig. 9.1 DTA results for Alloy 1 and Alloy 2 (shifted up for clarity) with arrows indicating solvus 
temperatures. 
 
Table 9.2 DTA summary of Alloys 1 and 2 
Alloy 
γ′-Ni3Al 
Solvus, oC 
γ-Ni 
Solidus, oC 
γ-Ni 
Liquidus, oC 
ΔT (TL-TS), oC 
Alloy1 1153 1373 1405 32 
Alloy 2 1143 1387 1420 33 
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The difference in the γ′ solvus for these alloys may be attributed to the stability of 
the γ′ phase upon substitution of the PGM element.  Pt and Al form the 
thermodynamically stable L12 Pt3Al phase, indicating that it may be possible to 
substitute large amounts of Pt for Ni without disrupting the γ′ phase stability.  
Indeed, as first reported by Kamm and Milligan164 at 1100oC and further confirmed 
by Hayashi et al.111 at 1150oC, Pt is highly soluble in Ni3Al (up to 35 at% at 1150oC) 
and is almost entirely substitutional for Ni.  This is also in agreement with Jiang et 
al.,119 who predicted that Pt will favor the Ni sub-lattice over all composition and 
temperature ranges of the Ni3Al phase.  By contrast, Ir does not form an L12 phase 
and has a limited solubility in γ′ before precipitation of the B2 (Ni,Ir)Al phase 
occurs.108  Therefore, Pt may be viewed as a γ′ stabilizer, while Ir is a γ′ destabilizer.  
This difference in stabilization is believed to be reflected by Alloy 1 having a higher 
solvus temperature than Alloy 2.  Despite having a higher γ′ solvus temperature, the 
Pt-containing Alloy 1 was observed to have lower solidus (TS) and liquidus (TL) 
temperatures compared to Ir-containing Alloy 2.  This is in agreement with 
Murakami et al.,108 who found that Ir addition to γ-Ni directly increases the solidus 
temperature, while Pt decreases the solidus.  The ΔT values (TL-TS) for Alloys 1 and 
2 suggest no expansion or contraction in the solid+ liquid region.                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                      
 
9.4.2 Synchrotron Results 
Use of high-energy synchrotron x-ray radiation provides an effective means for 
determining the lattice mismatch between the γ and γ′ phases in Ni-base superalloys.  
With misfit values less than 1.0%, conventional x-ray sources do not have sufficient 
resolution to deconvolute the γ and γ′ peaks needed for accurate lattice mismatch 
determination.  The lattice misfit parameter is defined by108 
)(21 !!
!!
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aa
+
#
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$
 Eq. 9.1 
 
where ai is the lattice parameter of phase i.   
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Both alloys were injection cast into 0.20 cm diameter by 2.0 cm long rods.  The 
injection cast rods were placed inside small alumina tubes, wrapped with Ta foil, 
and then placed inside argon-backfilled silica tubes.  This procedure was followed to 
reduce the possibility of oxidation at the elevated temperatures at which the 
synchrotron data were acquired. Following encapsulation, alloys were heat-treated 
by solutionizing at 1250oC for 6 hours followed by precipitation heat-treatment for 4 
hours at 1050oC.  The heat-treated injection-cast rods were then cut into pellets 
followed by cryo-milling into powder.  The powder was then placed in argon-filled 
silica tubes.   
Long-term exposure experiments indicated that all lattice parameter changes 
occurred during the first 4-5 minutes at temperature.  Therefore, the powder 
samples were heated from 700-1300oC in steps of 150oC with 4 minute dwells at each 
temperature before spectra collection began.  Rotation of the silica tubes during 
high-energy transmission X-ray testing ensured a uniform diffraction pattern and 
minimization of texture effects.  Further details on the synchrotron parameters can 
be found elsewhere.165  Data for both alloys at 700, 1000, and 1300oC are presented in 
Fig. 9.2. 
Comparison of the X-ray spectra in Fig. 9.2 qualitatively indicates a larger lattice 
misfit for Alloy 1 due to the larger fundamental γ/γ′ peak splitting compared to that 
found for Alloy 2; where despite the high resolution of the synchrotron spectra, 
fundamental peak splitting is minimal, indicative of a very small lattice misfit.  The 
relative intensity of the γ′ peak compared to that of the γ for the same 
crystallographic plane decreases with increasing temperature, signifying a decrease 
in the γ′ volume fraction.  A given lattice reflection also moves towards lower 2θ 
values as temperature increases, as a result of an expansion of the lattice. 
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Fig. 9.2 Synchrotron {311} and {222} lattice reflections at 700, 1000, and 1300oC  
for a) Alloy 1 and b) Alloy 2 
 
The lattice parameters of the γ and γ′ phases were calculated to an accuracy of 
±0.0005Å from the spectra obtained at the different temperatures.  Given that the 
spectra are generated from two-phase γ+γ′ structures, the calculated lattice 
parameters consequently represent constrained values, meaning that they are 
inclusive of geometric strains. Accordingly, constrained lattice parameters typically 
vary from unconstrained, as the coherent lattice misfit will strain each phase in the 
former case.  The constrained lattice mismatch, δ, of each alloy was calculated using 
the lattice parameter data and Eq. 9.1.  These values are presented in Fig. 9.3 along 
with the volume fraction of γ′ in each alloy as a function of temperature.  Volume 
fraction (Vf) measurements were determined using a Generalized Structure Analysis 
System (GSAS) refinement, which has an accuracy of ±5%.  Details of the GSAS 
refinement can be found elsewhere.166   
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Fig. 9.3 Synchrotron results indicating lattice misfit (δ ) of γ/γ′  and volume fraction (Vf) of γ′  as a 
function of temperature for Alloy 1 (solid) and Alloy 2 (dashed) 
 
As can be seen in Fig. 9.3, the lattice misfit changes quite dramatically between the 
two alloy compositions; the misfit of Alloy 1 (≈1.0-0.4%) is over twice that of Alloy 2 
(≈0.5-0.15%).  The lattice misfit decreased with increasing temperature for both 
alloys and is consistent with numerous studies that reported similar 
trends.114,167,168,169  This observed behavior has been generally attributed to the lower 
coefficient of thermal expansion (CTE) for γ′ compared to that of γ. However, the 
phase composition changes that occur with increasing temperature have also been 
put fourth as an explanation.170  Finally, combined CTE mismatch and composition 
effects have been posited.167,171  
As a result of the two-phase nature of γ+γ′ alloys, composition changes with 
temperature do exist in accordance with the curvature of phase boundaries, which at 
higher temperatures, is dominated by entropic effects.  Related to the latter, 
Yokokawa et al.112 determined that all element partitioning coefficients in the Ni-
base superalloy TMS-75 approach unity (i.e. reduced partitioning) with increasing 
temperature.  Thus, as all partitioning coefficients move towards a value of unity, 
phase composition differences with respect to minor-element contents will become 
minimized.  This would result in misfit values that approach zero with increasing 
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temperature if composition change was the dominant factor; and would hold 
regardless of whether the low-temperature misfit values were positive or negative.  
However, Pyczak et al.114 and Nathal et al. 167 have found that the negative misfit 
values in Ni-base γ+γ′ systems continued to become more negative with increasing 
temperature, suggesting that CTE mismatch, not composition change, is the main 
factor dictating the observed behavior.   
The dilatometry results reported by Siebörger et al.26 of γ and γ′ alloys of 
compositions representing the constituent phases in a γ+γ′ CMSX-4 alloy provide 
further confirmation that CTE mismatch dictates the magnitude and trend of the 
misfit values with change in exposure temperature. 
The lattice parameters results for Alloys 1 and 2 are summarized in Fig. 9.4, which 
shows that Pt addition (Alloy 1) more than Ir (Alloy 2) changes the lattice parameter 
of γ′ significantly more than that of γ.  This effect, which will be discussed in more 
detail in a subsequent section, arises from differences in the partitioning behavior of 
the two PGM elements.   
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Fig. 9.4 Lattice parameters values for alloy 1 (solid) and alloy 2 (dashed) from 700oC to 1300oC 
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The constrained CTE values for each phase were calculated by applying a linear 
regression model to the lattice parameter values over all available temperatures.  
The results are summarized in Table 9.3, which shows that CTEγ′ does not 
appreciably change from Alloy 1 (2.065x10-5/oC) to Alloy2 (2.175x10-5/oC); whereas, 
CTEγ shows a more substantial change from Alloy 1 (3.499x10-5/oC) to Alloy 2 
(2.991x10-5/oC).   
  
Table 9.3 Calculated CTE values and ΔCTE for Alloys 1 and 2 
 Alloy 1 Alloy 2 
 γ′-Ni3Al γ-Ni γ′-Ni3Al γ-Ni 
CTE(x10-5) /oC 2.065 3.499 2.175 2.991 
ΔCTE(CTEγ′-CTEγ) -1.434 -0.816 
Δδ (700-1300oC) 0.61% 0.36% 
 
As a result of the CTEγ change, the value of ΔCTE (CTEγ′-CTEγ) differs considerably 
between the two alloys.  This large difference in ΔCTE can significantly contribute to 
the observed larger change in misfit (Δδ) of Alloy 1 compared to Alloy 2 over the 
experimental temperature range. Thus, the observed difference in Δδ between Alloys 
1 and 2 is inferred to arise from the difference in CTEγ as a result of composition 
changes.  From the standpoint of further alloy design, it is relevant to note that the 
refractory metals rhenium114 and tantalum, 172  which partition to γ and γ′, 
respectively, have been shown to decrease their preferred phase’s CTE, which affects 
lattice misfit behavior.     
Based on previous and current studies, it can be concluded that the ΔCTE between γ 
and γ′ is the dominant factor that dictates the lattice misfit behavior.  As a result, all 
misfit values become more negative with increasing temperature. Changes in phase 
CTE values, occurring from the γ and γ′ composition change, governs the magnitude 
of misfit change (Δδ).  This rationale can explain the similar behavior observed in a 
wide range of Ni-Al based alloys114,167,169,169.   
 
125 
9.4.3 Microstructure 
Because there were significant changes in lattice misfit between Alloys 1 and 2, it is 
reasonable to anticipate differences in the γ’-precipitate morphology.  To assess the 
microstructures, one sample from each alloy was taken from the precipitation heat-
treated condition (4 hours at 1050oC).  The samples were then prepared using 
standard metallographic techniques, and characterized using SEM.   
A qualitative assessment of microstructures revealed that both alloys contain similar 
γ′volume fractions, which is in agreement with the synchrotron results in Fig. 9.3.  It 
can be seen in Fig. 9.5 that the γ′ precipitate morphology is quite different in Alloy 1 
(δ at 1000oC=0.60%) compared to Alloy 2 (δ at 1000oC=0.30%).  The former has high-
aspect-ratio precipitates with highly faceted edges, while the latter has a more 
cuboidal precipitate morphology with less faceted edges.  The larger amount of 
faceting observed in Alloy 1 (Fig. 9.5a) compared to Alloy 2 (Fig. 9.5b) for 
precipitates of similar size is consistent with higher γ-γ′ misfit values.173  Comparing 
the phase-field predictions from Wang et al. 174 for ternary Ni-Al-Mo alloys in Fig. 
9.5(inset), the trends for precipitate morphology are striking.  The phase-field 
predicted morphologies are for misfit values of δ≈0.65% and δ≈0.35% in Fig. 9.5a and 
b(inset), respectively, which are nearly identical to the measured synchrotron lattice 
misfit values.  It is noteworthy that the observed morphology changes in the phase-
field simulations were due solely to the lattice misfit parameters.  On this basis, it 
can be concluded that precipitate misfit primarily dictates the γ′ morphology 
through minimization of elastic strain energies and not γ/γ′ interfacial energy, which 
has been reported in Ni-base alloys to be very small (14-40mJ/m2).175,176,177   
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Fig. 9.5 Microstructures of a) Alloy 1 δ≈0.60% and b) Alloy 2 δ≈0.30% aged at 1050oC for 4 hrs. 
[Insets show phase-field simulations of γ+γ′  alloys at 775oC for 67h with a) δ=0.65% and b) 
δ=0.35%.174] 
 
9.4.4 Partitioning Behavior 
As has been inferred, the measured large difference in lattice mismatch between 
Alloys 1 and 2 at a given temperature arise largely from the differences in 
partitioning behavior of Pt and Ir and to a lesser degree from the other elements.  
Changes in phase composition generally dictate the phase lattice parameter in 
accordance with Vegard’s Law.13   In order to accurately determine the partitioning 
behavior for these alloys, the phase compositions were measured using an electron 
microprobe (EPMA) at an accelerating voltage of 20kV and a beam current of 20nA.  
All element peaks were Kα or Lα, and a correction in the Pt concentration was taken 
into account based on a peak overlap with Hf; however, because of the small level of 
Hf in the alloy, the correction was extremely small.   
The electron beam interaction volume of a Ni-base superalloy at an accelerating 
voltage of 20kV is approximately 1.0-1.5µm.  Therefore, samples were aged at 
1000oC for 850 hours to sufficiently coarsen the microstructure (>3µm) for accurate 
compositional analysis of the phases.  The partitioning coefficient ki is defined as 
i
i
i
c
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=  Eq. 9.2 
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where ci is the composition in at% of element i within the given phase.  The EPMA 
results were analyzed using multiple data points from each phase.  The individually 
determined phase compositions and calculated partitioning coefficients are 
presented in Table 9.4.  Two standard deviations represent the compositional error. 
 
Table 9.4 Phase compositions for Alloys 1 and 2 aged for 850 hours at 1000oC 
Alloy Ni Al Pt Ir Cr Hf 
Alloy 1       
cγ 80.36±0.32 11.79±0.14 1.84±0.22 − 5.97±0.10 0.05±0.04 
cγ′ 74.03±0.22 18.56±0.04 3.07±0.02 − 4.15±0.18 0.19±0.02 
Alloy 2       
cγ 79.32±0.26 12.35±0.24 − 2.41±0.08 5.86±0.06 0.06±0.02 
cγ′ 75.03±0.20 18.28±0.28 − 2.22±0.12 4.26±0.10 0.21±0.04 
Alloy 1 ki 1.09 0.64 0.60 − 1.44 0.24 
Alloy 2 ki 1.06 0.68 − 1.09 1.38 0.29 
 
 
The results in Table 9.4 indicate that the Pt in Alloy 1 (kPt=0.60) partitions 
preferentially to the γ′ phase while the Ir partitioning in Alloy 2 is much weaker and 
preferential to the γ matrix (kIr=1.09).  This behavior is in agreement with other 
studies108,116,112 that found Pt preferentially partitions to the γ′ phase and that Ir 
partitions slightly in preference to the γ phase.  Vegard’s Law states that a solute 
element (i.e. Pt or Ir) will have a linear effect on the lattice parameter of the solvent 
material (i.e. γ-Ni or γ’-Ni3Al); with the slope of the linear relationship defined as the 
Vegard’s Law coefficient.  The Vegard’s Law coefficients for Pt are 0.0052 and 
0.0051Å/at% in γ and γ′, respectively, and 0.0045 and 0.0044 Å/at% for Ir.13 Thus, Pt 
is expected to have a greater expansion effect than Ir on γ and γ′.  Using the 
measured phase compositions, the lattice expansion of each phase due to the 
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changes in Pt or Ir content can be calculated.  The results are summarized in Table 
9.5.   
 
 
Table 9.5 Calculated changes in lattice parameter due to PGM addition 
 Alloy 1(Pt) Alloy 2(Ir) 
Δaγ (x10-3Å) 9.568 10.845 
Δaγ′ (x10-3Å) 15.657 9.768 
Δaγ′-Δaγ 6.089 -1.077 
 
As shown in Table 9.5, the greater expansion effects of Pt, combined with its large 
partitioning coefficient in the γ′ phase, causes the γ′ lattice to expand more than the γ, 
and hence increases the mismatch.  Conversely, the Ir partitioning is weaker and 
causes a slightly negative change in lattice parameter between the γ and γ′.  The 
partitioning data and calculated effects of these PGMs on the lattice misfit agree 
with what was observed experimentally from the synchrotron results (see Fig. 9.3) 
and as previously mentioned, is responsible for changing the precipitate 
morphology (see Fig. 9.5).  Therefore, a change in partitioning of the PGM addition 
significantly dictates the alloy microstructure.  
 
 
9.4.5 Interfacial Dislocations 
TEM analyses of pre- and post-creep specimens were conducted to examine 
interfacial dislocations and hence the effects of the PGM addition of each alloy on 
lattice misfit.  The presence of interfacial dislocations following low-strain creep 
deformation permits an indirect measurement of misfit.  During the early stages of 
creep, dislocations glide through the matrix material and are deposited on the γ/γ′ 
interface.178  These matrix dislocations relieve the coherency stresses created by the 
matrix and precipitate lattice mismatch and can be used to estimate misfit at 
temperature by: 
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where b
r
is the Burgers vector associated with the f.c.c lattice ( 2a ), and D is the 
measured dislocation network spacing measured from the TEM images.  Dark field 
images (DFI) of the precipitation heat-treated microstructures of Alloys 1 and 2 are 
shown in Table 9.6.  Alloy 1 contains highly faceted primary precipitates 500-700 nm 
in diameter along with a secondary distribution of 20-50 nm diameter γ′ between the 
primary precipitates.  Alloy 2 has slightly less faceted γ′ precipitates of the same size 
as Alloy 1 and also contains a secondary distribution of small γ′.  These secondary γ′ 
precipitates in the γ-Ni matrix channels formed during cooling. 
 
    
Fig. 9.6 TEM DFI of heat-treated microstructure of a) Alloy 1 and b) Alloy 2 
 
The creep parameters are summarized in Table 9.6.   The bright field images (BFI) in 
Fig. 9.7 show the evolution of microstructure as a result of the 1000oC high 
temperature creep deformation.  Both alloys accumulated a total strain of 
approximately one percent, sufficient for the formation of interfacial dislocation 
networks.  Dislocations can also be observed within the γ′ phase. 
 
 
200 
200 
500 nm 500 nm 
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Table 9.6 Creep parameters at 1000oC for generation of interfacial dislocations 
Creep Parameter Alloy 1(Pt) Alloy 2(Ir) 
Stress (MPa) 80 60 
Creep Rate (s-1) 5.5x10-8 1.3x10-7 
Total Time (h) 32.5 21.5 
 
 
   
Fig. 9.7 TEM BFI of post-creep microstructures of alloys (a) 1 and (b) 2, indicating a dislocation 
network 
 
Alloys 1 and 2 are relatively weak compared to commercial Ni-base superalloys179; 
however, an interesting observation can be made with regard to the relative creep 
resistance of these two model alloys.  Alloy 1 shows a higher creep strength 
compared to Alloy 2 and has a lower density of dislocations within the γ′ phase.  The 
resistance of the γ′ to dislocation shearing may be due to the strong Pt site preference 
in γ’ compared to Ir, affecting the anti-phase boundary energy.  This is in agreement 
with Wee and Suzuki180, who found that Pt additions increased the hot hardness 
values of Ni3Al.   
Using the in-situ synchrotron measured lattice misfit (Fig. 9.3) and γ-Ni lattice 
parameters (Fig. 9.4) at 1000°C , an interfacial dislocation spacing can be calculated 
using Eq.9.3 the results of which are presented in Table 9.7.  The experimental 
interfacial dislocation spacing was measured using a line intercept method on 
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multiple TEM micrographs.  These values were then combined to give average 
interfacial dislocation spacing.  
 
Table 9.7 Comparision of lattice misfit measurements by heat-treated synchrotron and post-creep 
dislocation network method at 1000oC 
Dislocation Spacing, nm Alloy 1(Pt) Alloy 2(Ir) Alloy 1/Alloy 2 Ratio 
In-situ Synchrotron 39 81 0.48 
TEM Measured 56 107 0.52 
 
 
As is shown in Table 9.7, calculations made from synchrotron data are in reasonable 
agreement with the experimental TEM measurements, particularly when 
considering the extremely small lattice misfit of these alloys.  Despite the differences 
in absolute values, an excellent agreement between the ratios of the two methods 
can be seen.  Both methods show a misfit of Alloy 1 twice that of Alloy 2.   
      
9.4.6 CALculation of PHase Diagrams (CALPHAD) Predictions 
Thermodynamic models can predict a variety of parameters including: phase 
volume fraction, solvus, solidus and liquidus.  Indeed the models can be quite 
powerful when combined and validated with experimental data.  One such model is 
the PANDAT®181 software developed by CompuTherm LLC.182  Using the PAN-Ni® 
database, γ′ volume fractions as a function of temperature and elemental 
partitioning behavior at 1000oC were predicted.  Transition temperatures including 
γ′ solvus, γ-Ni solidus, and γ-Ni liquidus were also determined and compared with 
those found experimentally.   
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Fig. 9.8 Comparison of experimental DTA and in-situ synchrotron γ′  volume fraction 
measurements with CALPHAD equilibrium predictions for a) Alloy 1 and b) Alloy 2. 
 
Fig. 9.8 compares the experimental and PANDAT-predicted values.  The predicted 
values of γ′ volume fraction with temperature are in excellent agreement for Alloy 1 
and are in reasonable agreement for Alloy 2.  It is noteworthy that the predicted γ′ 
solvus temperature of Alloy 1 is higher than that of Alloy 2, which is in agreement 
with the experimental DTA results.  A possible explanation for the better agreement 
with Alloy 1 may be due to the more predictable behavior of Pt within γ′ in contrast 
to Ir in terms of site preference, which changes with temperature and 
composition.119 The γ-Ni solidus and liquidus temperature predictions are in good 
agreement with the DTA results as well, however, PANDAT did not predict the 
increase in solidus temperature of Alloy 2 observed in the DTA and by Murakami et 
al.108 Overall, the predicted behavior for the model alloys was in excellent agreement 
with the multiple experimental data.  This understanding of transition temperatures 
can greatly aid in future alloy development. 
The predicted phase compositions can also prove to be extremely useful to calculate 
lattice parameters and hence misfit and morphology.  A comparison of EPMA 
determined partitioning coefficients with those predicted from the software are 
presented in Table 9.8.  It can be seen that the predicted partitioning coefficients are 
in very good agreement with those determined experimentally, with Pt partitioning 
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primarily to the γ′ phase and Ir slightly to the γ phase.  The presence of Hf in the 
Pan-Ni® database did not exist at the time of the calculation and therefore predicted 
Hf partitioning coefficients were not available.             
          
Table 9.8 EPMA experimental measurements of phase partitioning coefficient (ki) compared with 
the PANDAT® predicted values at 1000oC 
ki Ni Al Pt Ir Cr Hf 
Alloy 1 (Pt) 1.09 0.64 0.60 − 1.44 0.24 
PANDAT 1.11 0.60 0.42 − 1.69 N/A 
Alloy 2 (Ir) 1.06 0.68 − 1.09 1.38 0.29 
PANDAT 1.06 0.64 − 1.45 1.61 N/A 
 
 
9.4.7 Coarsening Rates 
The coarsening rate of the strengthening γ′ precipitates is of major concern with 
regard to the structural stability of high temperature alloys.  Since alloys are 
typically aged to their peak strengths, where the resistance to dislocation motion is 
maximized, coarsening typically degrades strength.   Thus the influence of the PGM 
additions on coarsening was investigated.  A section of each alloy ingot was taken 
after solution treatment but prior to aging.  Sample disks were then cut to 
approximately 0.1 cm in thickness.  Aging took place at 1000oC for times of 0, 0.167, 
0.5, 1, 10, 100, and 1000 hours followed by water quenching. 
The images in Fig. 9.9 and Fig. 9.10 are representative of the microstructures at 
1000oC after the various times.  Alloy 1 after 100 hours of aging (Fig. 9.9e) exhibited 
irregularly-shaped precipitates, indicative of a semi-coherent microstructure.  The 
change from coherent to semi-coherent precipitates during coarsening can result in a 
change in coarsening kinetics and so late-stage (i.e. 1000 h) coarsening was not 
considered in the analysis.   
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Fig. 9.9 Isothermal aging for Alloy 1 at 1000oC for a) 0.167 b) 0.5 c) 1.0 d) 10 and e) 100 hrs 
 
 
Fig. 9.10 Isothermal aging for Alloy 2 at 1000oC for a) 0.167 b) 0.5 c) 1.0 d) 10 and e) 100 hrs 
 
Image-Pro® analysis software was utilized to determine the precipitate density, 
which was calculated by using the number of precipitates within an image field 
divided by the area of that field.  This analysis showed a decrease in the 2D 
precipitate density for both alloys over all aging times (Fig. 9.11a), which is 
representative of a coarsening mechanism.  While misfit can influence precipitate 
morphology in multi-component alloys, diffusional redistribution of strongly 
partitioning elements typically dominates the coarsening behavior, even when high 
levels of misfit are present.183  Thus, the coarsening rate for each alloy was assumed 
to be controlled by diffusion through the matrix, in accordance with classical 
coarsening theory:184,185 
ktrr
o
=><!><
33  Eq. 9.4 
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where <r> is the instantaneous average precipitate radius, <ro> is the precipitate 
radius at the start of coarsening and k is the coarsening rate constant.  The 
coarsening rate constant is defined as 
RT
CD
k
iiInt
9
8!
=  Eq. 9.5 
 
 
where σInt is the interfacial energy between the matrix and the precipitate, Di and  Ci 
are respectively the diffusion coefficient and equilibrium concentration of element i 
in the matrix.   
To determine the coarsening rate constant, the radius of each precipitate was 
determined by measuring through the centroid of the precipitate every six degrees 
and averaging all measurements.  The average precipitate radius for each aging time 
was determined using all precipitates within an image field.  The cube of the 
average precipitate radius, <r>3, is plotted as a function of time in Fig. 9.11b for both 
Alloys 1 and 2.    
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Fig. 9.11 a) Precipitate density, ρ , and b) average radius, <r>3, during aging at 1000oC.  Values 
correspond to images presented in Fig. 8.9 and 8.10 respectively. 
 
Using linear regression on the plots in Fig. 9.11b the coarsening rate constant k, and 
<ro> were determined for both alloys in accordance with Eq. 9.4 and are presented in 
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Table 9.9.  The results indicate that Alloy 1 has a lower rate constant compared to 
Alloy 2, as well as a much smaller <ro> value.  
  
Table 9.9 Coarsening rate constant and initial precipitate radius at 1000oC for Alloy 1 and Alloy 2 
 Alloy 1(Pt) Alloy 2(Ir) 
k (m3/s) 8.8x10-26 1.4x10-25 
<ro> (m3) 1.8x10-23 1.0x10-22 
 
The element with the lowest flux to the precipitates will be rate limiting and will 
therefore dictate the precipitate coarsening rate in the alloy.  Using a simplified 
approach of permeability (i.e., Φi,=Ci·Di), which is the important variable in Eq. 9.5, 
the rate-limiting element can be determined. If it is assumed that ΦAl >> ΦPGM for 
both alloys, then the PGM addition may be considered rate controlling for the 
diffusional flux.  Using the EPMA measured matrix compositions along with the 
diffusion coefficients in γ-Ni determined by Karunaratne et al.,186 the effective 
permeability of Pt or Ir to the precipitate phase may be approximated. The results 
are presented in Table 9.10. Despite these permeabilities ignoring capillarity effects, 
they do represent order-of- magnitude approximations of the relative rates at which 
the   matrix can supply Pt and Ir to the coarsening γ′ precipitates. 
  
Table 9.10 Calculated effective flux of PGM to the precipitate phase during coarsening at 1000oC 
 Cγi, at% Dγi, m2/s 
Ji, eff, 
at%*m2/s 
Alloy 1 (Pt) 0.018 1.0x10-16 1.9x10-18 
Alloy 2 (Ir) 0.024 2.1x10-17 5.1x10-19 
 
The data in Table 9.10 show that the Pt in Alloy 1 should have a higher permeability 
to the large precipitates compared to Ir in Alloy 2.  This higher permeability arises 
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from an order-of-magnitude higher diffusion coefficient of Pt than Ir in γ-Ni.186  The 
effective Al permeability was determined to be ΦAl≈ 6x10-16 on the basis of binary 
Ni-Al diffusion data at 1000oC,187 which is two-to-three orders of magnitude higher 
than the PGM values, indicating that the assumption that ΦAl is not rate controlling 
is correct.   
Despite Pt having a higher permeability than Ir to the precipitate, Alloy 1 still had a 
lower coarsening rate constant (see Fig. 9.11b) than Alloy 2.  It is clear from this 
simplified coarsening analysis that use of the classic coarsening theory has 
limitations when applied to multi-component systems.  A lack of main- and cross-
term diffusion coefficients limits the accuracy of such calculations.  The schematic in 
Fig. 9.12 represents the composition gradients that may be seen in a multi-
component γ+γ′ alloy during coarsening and can be defined as: 
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Fig. 9.12 Schematic representing concentration gradients in a Ni-Al-Pt alloy during coarsening 
 
Using Fig. 9.12 as a reference, the flux of Pt, JPt , will be negative (i.e. move to the 
left). Eq. 9.7 defines the flux of Pt and is dependent on the main diffusion term DPtPt, 
the cross-term DPtAl, and the relevant composition gradients.   
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The main term DPtPt is positive186, while the concentration gradient of Pt is also 
positive.  This results in a negative
x
c
D
Pt
PtPt
!
!
"  value.  To determine the cross-term 
effects on the flux of Pt, a value of DPtAl must be known.  Exact values for this cross-
term are not known for this composition range, however, negative values were 
measured by Hayashi et al.,188 in Ni-Al-Pt systems.  If the diffusion cross-term used 
in Eq. 9.7 is negative and the composition gradient of Al is positive (Fig. 9.12) then a 
positive 
x
c
D
Al
PtAl
!
!
"  value results which has the effect of reducing the Pt flux.  No 
data exist on the cross-term effects of Ir with Al, however it is reasonable to assume 
that Ir may act similarly to Pt but not to the same extent based on the stronger 
bonding characteristics of the Pt-Al system compared to Ir-Al.  If so, it is quite 
possible for JPt to be less than JIr, which would explain the observed coarsening 
behavior.  It has been shown that Cr cross-terms with Al are positive and can be 
significant. 189   Therefore to fully establish the rate-limiting solute element for 
coarsening, a complete quantification of the diffusion behavior in the 
multicomponent system is essential.  
 
9.5 Conclusions 
The stability of two PGM-modified Ni-base alloys has been examined in detail using 
DTA, in-situ synchrotron lattice parameter and precipitate volume fraction 
measurements, microstructure, phase partitioning behavior, PANDAT predications, 
and coarsening behavior.  The following observations and conclusions can be made: 
• DTA measurements indicated a decrease in γ′ solvus temperature with the 
addition of Ir.  This is largely due to the destabilization of the γ′ phase by Ir, 
which does not form an L12 structure with Ni.  
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• In-situ synchrotron measured phase volume fractions for each alloy were very 
similar, with Alloy 1 being slightly higher.  The γ+γ′ phase field for both 
alloys also behaved similarly with temperature and agreed with DTA 
measurements within the experimental error. 
• A decrease in lattice mismatch with increasing temperature was observed for 
both alloys and was attributed to the difference in CTE values of the γ and γ′ 
phases; however, the lattice misfit of Alloy 1 was nearly twice that of Alloy 2 
over the entire experimental temperature range.  The large difference in 
lattice misfit was due to the large Pt-induced expansion of the γ′ lattice in 
Alloy 1 compared to Alloy 2. 
• Partitioning of elements between the phases was measured using EPMA of 
microstructures coarsened at 1000oC.  Pt and Ir partitioned differently while 
all other element partitioning behavior was similar between the two alloys.  
The strong Pt partitioning to the γ′ was determined to be responsible for the 
large expansion of the γ′ lattice in Alloy 1.   
• Microstructure analysis revealed a highly faceted, tetragonally-shaped 
precipitate morphology for Alloy 1 and a more isotropic, slightly cuboidal 
microstructure for Alloy 2 after a standard heat treatment.  As verified by 
previous 2D phase-field simulations, this change in microstructure is 
controlled by the large change in lattice misfit between the two alloys.   
• Post-creep BFI TEM analysis revealed the interfacial dislocation spacing of 
Alloy 1 to be half that of Alloy 2, which is similar to that calculated using the 
synchrotron determined lattice parameter and misfit values.  Alloy 1 also 
showed less γ′ dislocations.   
• PANDAT® predictions of phase volume fractions agreed very well with 
synchrotron experimental values for both alloys.  Predictions of phase 
composition at 1000oC agree well with EPMA measurements.  
• Isothermal coarsening was conducted on both alloys at 1000oC for up to 1000 
hours.  Over the time period where precipitates were coherent, coarsening 
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was determined to have a cubic time dependence, indicating diffusion 
through the matrix control.  Alloy 1 was observed to have slower coarsening 
kinetics than Alloy 2 and may be a result of strong negative cross-term effects 
between Pt and Al. 
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CHAPTER 10  PGM-MODIFIED ALLOY DEVELOPMENT: AN 
OXIDATION PERSPECTIVE 
 
10.1 Introduction 
Much work has gone into the investigation of oxidation of complex Ni-base 
systems.56,63 The procedure for such research has been to quantify the extent of 
oxidation attack and statistically correlate it with the alloy composition.  In order to 
do this a large set of alloys must be used to give any amount of statistical certainty.  
This approach has been useful from an engineering perspective and has shown that 
the reduction of Ti is beneficial for oxidation performance and that increased Ta and 
Al content are beneficial for oxidation.  While this does provide insight as to the 
beneficial and detrimental elements on the overall system performance, it lacks a 
mechanistic approach as to the reason for such trends.   
A review conducted by Pettit tried to elucidate the effects of refractory elements on 
the oxidation of superalloys, however little information was given in terms of the 
mechanisms associated with a decrease in oxidation resistance with the addition of 
elements such as tungsten.40  Therefore the use of model alloy systems with singular 
changes in composition can be used to aid in clarifying the effects of strengthening 
elements from a mechanistic point of view.   
 
10.2 Experimental Procedure 
10.2.1 Sample Preparation 
The sample preparation of sample coupons can affect the alloy’s performance 
during oxidation and hot corrosion testing.  The most notable change is the surface 
roughness.190  A very smooth surface does not have steps and ledges to promote the 
nucleation of oxides and therefore have a different behavior than a rough sample.  
However if the surface is too rough a non-planar oxide may form which can be 
detrimental to scale adherence. 
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The sample preparation process described here is for all oxidation and hot corrosion 
experiments. Alloy ingots were produced by arc-melting and drop-casting in a 
copper mold with a diameter of 10 mm and a length of ~40 mm.  Thee ingots were 
given their proper heat-treatment as will be discussed in each individual section.  
Once heat-treated the ingots are sliced into approximately 1 mm thick discs using a 
high-speed wafering saw with a SiC blade.  These discs are then hand-polished 
using SiC grit papers perpendicular to the wafering grooves alternating directions 
with increasingly fine grit papers.  The final polish is 1200 grit, which is also used 
along the edges of the coupon to remove any pre-existing oxide, which may have 
formed during the heat-treatment process.  The final polished samples are then 
ultra-sonically cleaned in acetone and dried.  
10.2.2 Isothermal Oxidation 
Using the prepared samples as mentioned, isothermal oxidation was carried out in a 
tube furnace. The furnace was pre-heated prior to oxidation with temperature 
monitored by a type R Pt-Pt/Rh thermocouple.  The samples were then slid into the 
furnace giving a sample heating rate of ~500oC/min.  Once the experiments were 
concluded the samples were slid out of the furnace and allowed to cool to room 
temperature.    
10.2.3 Cyclic Oxidation 
The cyclic oxidation experiments were conducted on in vertical tube furnaces with a 
timer system operating the vertical movement of a silica rod suspending the 
samples.  The cyclic oxidation cycle consists of one hour at the oxidation 
temperature and half an hour suspended outside the hot zone of the furnace at 
~70oC.  This cycling induces thermal stresses in the oxide scale and can cause 
spallation if the scale adherence is not sufficient to withstand the stress. 
10.2.4 Thermo Gravimetric Analysis 
The thermo gravimetric analysis (TGA) system consists of a cold counter weight and 
a hot side where the sample is placed.  The buoyancy effect of changes in gas density 
with increased air temperature on the microbalance is calibrated previously with a 
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pure alumina disk that is assumed not to change weight when exposed to high 
temperatures.  The sample is suspended from a sapphire filament to prevent weight 
change from the support.  This is an improvement over a Pt wire, which at high 
temperature, may have slight changes in weight due to low amounts of Pt oxide 
volitization.  Finally, the static charge in the system is reduced with an Ionmaster 
mini ion air blower.  These procedures are necessary when measuring the extremely 
low weight gains observed during the oxidation of Al2O3-forming alloys.  The 
sample preparation is the same as those for the isothermal and cyclic oxidation tests 
with an additional step of drilling a 2 mm diameter hole near the edge to attach to 
the sapphire wire.  The sample is placed in the TGA, which uses a closed 
atmosphere of synthetic dry air.  In this particular model, the sample was heated 
along with the furnace at a rate of 20oC/min.  Recording took place throughout the 
heating however the data will only be presented once the furnace reached the 
experiment temperature of 1000oC.  
10.2.5 Oxidation Metalographic Preparation 
Due to the fragile nature of the thermally grown oxide scale, preservation is 
essential to accurately observe the oxide scale constituents.  Once the oxidation 
experiments are conducted the samples are gold sputtered using a SPI supporting 
system with a gold target.  This thin layer of gold allows for the surface of the 
sample to be conducted.  Once the surface is conducted, the samples are copper 
plated in a solution of CuSO4⋅5H2O/H2SO4 with a current density of ~1.0 A/dm2 for 
15-20 hours.  The plated samples were mounted in epoxy and cured with 
subsequent cross-section using the high-speed wafering saw with a SiC blad.  
Polishing of the sample is carried out starting with 600 grit paper.  Using grits lower 
than this can damage the oxide during polishing.  Final polishing is conducted using 
diamond spray on a microcloth.  The final polished samples are coated with either 
gold or carbon for conductive purposes and are finally analyzed in the SEM using 
BSE mode. 
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10.2.6 Type I Hot Corrosion 
Type I hot corrosion is conducted in a multi-zone tube furnace.  A schematic is 
shown in Fig. 10.1. 
 
Fig. 10.1 Schematic showing the experimental set-up of the hot corrosion rig used for the current 
investigation 
 
The temperature profile is given along the length of the tube furnace that correlates 
with the location of the samples below.  There is a Na2SO4 salt resivior at ~1040oC 
which is molten at temperature.  Downstream the samples sit at 900oC as shown by 
the temperature profile.  The gas that is passed through from the salt end is a 
combination gas of O2+0.1 vol% SO2.  This gas passes through a Pt honeycomb 
catalyst to give an equilibrium partial pressure of SO3.  This partial pressure of the 
SO3 dictates the salt activity.206,208 
Prior to insertion into the rig, the samples are placed on a hot plate at ~100oC and 
are sprayed with a water + salt solution.  After the water evaporates the high salt 
(HS) deposit of a combined ~3 mg/cm2 is present on both surfaces, the low salt (LS) 
is ~1 mg/cm2 combined for both surfaces and the low salt one side (LSOS) has ~1 
mg/cm2 only on one side of the sample.  After insertion into the furnace the furnace 
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is brought up to temperature for 20 hours, after which the furnace is cool and the 
samples are removed.  After removal salt is re-applied to the sample surface and re-
inserted into the furnace.  This process is considered one cycle.  A total of five cycles 
or 100 hours exposure is the length of the experiment.  This is an extremely 
aggressive process and 100 hours is comparable to 1000 hours in a Burner Rig.141  
10.2.7 Type II Hot Corrosion 
Type II hot corrosion is conducted in the same apparatus as the Type I hot corrosion, 
however the thermal profile is different.  The “hot zone” where the salt bath is 
present is at a temperature of 1040oC, which is still above the melting point of the 
the Na2SO4, while the sample temperature is ~700oC, which is below the melting 
point of the Na2SO4.  The samples are coated with the water + salt solution with the 
being water evaporated off prior to insertion into the furnace.  The salt deposit for 
Type II hot corrosion is again ~1-2 mg/cm2.  The same 20 hour cycles of time at 
temperature as used as discussed for the Type I hot corrosion and a 100 hour, or five 
cycle, length is consistent with longer term experiments. 
10.2.8 Hot Corrosion Metalographic Preparation 
As a result of the water solubility of the corrosion products (i.e. metal sulfides, 
sulfates) that occur during the hot corrosion process traditional metallographic 
preparation cannot be used.  Samples are mounted in epoxy and allowed to cure, 
then are sectioned using a low-speed diamond saw with kerosene as a lubricant.  
After cross-section the polishing uses ethanol as lubricant during the process instead 
of water, which would dissolve the corrosion constituents.  As with the oxidation 
preparation, a starting point of 600 grit is used as coarser grit can cause the fragile 
constituents to spall.  Final polishing is conducted using diamond paste with oil 
lubricant.  After polishing the samples are coated in either carbon or gold for 
conductive purposes and are imaged in the SEM in BSE mode. 
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10.3 Oxidation of Refractory-Containing Alloys 
Assessing the cyclic oxidation behavior of Pt and/or Ir + Cr-modified alloys 
containing Pt and/or Ir content, and 0 or 5 at.% Cr. with further addition of 1% Re at 
1000ºC from the standpoints of weight-change kinetics and cross-sectional 
microstructure is important to further determine the effects of Re additions on their 
oxidation behavior.  Each thermal cycle consisted of 1h at 1000ºC followed by 30 
minutes at ~70ºC as described earlier.  It is seen that the Ni-15Al-5Pt-1Re-0.1Hf and 
Ni-15Al-5Cr-1Re-0.1Hf alloys exhibited very rapid oxidation weight gain during the 
initial period of oxidation (Fig. 10.2a). These results clearly indicate a detrimental 
effect of Re on the cyclic oxidation resistance of γ+γ′ alloys containing the sole 
addition of Pt or Cr.  By contrast, the multiple additions of PGM and Cr (i.e., 2.5Pt-
2.5Ir-5Cr and 5Pt-5Cr) to the Ni-15Al-0.1Hf-based alloys observably suppress the 
detrimental effect of the Re addition (Fig. 10.2b), to the extent that the oxidation 
kinetics are similar to the counterpart Re-free alloys. 
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Fig. 10.2 Cyclic oxidation kinetics at 1000ºC in air of the precious-metal-modified Ni-15Al-0.1Hf 
alloys. 
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Fig. 10.3 Cross-section micrographs of samples cyclically oxidized at 1000oC for 500 cycles. All 
alloys have a base composition of Ni-15Al-0.1Hf, further alloying additions are noted in at%. 
 
Cross-sectional SEM images of the various Re-containing and Re-free alloys after the 
cyclic oxidation at 1000 ºC are shown in Fig. 10.3.  The oxide scales formed on these 
alloys were drastically different.  It is seen that the morphology of the Al2O3 scale 
was consistently planar for the Re-free alloys showing protective oxidation 
characteristics, which is in agreement with the Ni-Al-Cr ternary oxide map.44  
However with the addition of Re, the oxide formation was no longer exclusive 
Al2O3.  Formation of NiO and NiAl2O4 occurred on Ni-15Al-5Pt and Ni-15Al-5Cr. 
Concerning the Ni-15Al-5Pt-1Re-0.1Hf alloy, a non-uniform oxide scale was 
observed.  Regions of thin NiAl2O4 on top of Al2O3 were seen in some regions, 
however it appeared that the Al2O3 had difficulty establishing a continuous scale as 
observed by the “nodule” where a large ingress of oxygen had taken place.  Pt-rich 
phases, determined by EDS, are present within the porous oxide while outward 
diffusion of Ni caused the large NiO nodule on the surface.   
The Ni-15Al-5Cr-1Re-0.1Hf alloy showed a more uniform oxide scale.  This oxide 
scale consists of an outwardly grown NiO scale and, once the oxygen partial 
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pressure is sufficiently low, a continuous sub-surface Al2O3 scale. After which the 
NiO and Al2O3 diffuse together and form an intermediate NiAl2O4 spinel layer.191  
With the presence of 5Pt+5Cr, an exclusive Al2O3 scale was formed and oxidation 
kinetics were similar to those of an alloy the does not contain Re.  It was determined 
that additions of both PGM (i.e. Pt) and Cr are needed to maintain the exclusive 
Al2O3 formation and protective nature of the alloy.  It was not explicitly known 
however, the levels of each element needed.  This result poses an interesting 
question as to the ability of an alloy that contains sufficient Al to form a continuous 
protective thermally grown Al2O3 scale.  All systematic investigations of the effects 
of Re on the oxidation of Al2O3-forming Ni-base alloys have shown that the addition 
of Re was detrimental to oxidation,78,79,80 and that oxidation resistance decreased 
with increasing Re content.  There are two factors that could most likely explain this 
change: the reduction of flux of Al to the surface or higher percentages of non-
protective oxide on the surface.   
The reduction of Al to the surface can be described for a two-phase microstructure 
with an equation derived for the exclusive formation of a BO scale with B-rich 
precipitates (i.e. Al2O3 with Ni3Al precipitates) states192  
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where Xi is the phase composition of the ith phase, fv is the γ′ volume fraction and DAl 
is the diffusion coefficient of Al in the matrix.  Assuming that the molar volume of 
the alloy system, molar volume of Al2O3, and the oxidation rate constant of Al2O3 
growth does not change, than a change in the diffusion coefficient DAl in the γ phase 
would be required to sufficiently prevent a continuous Al2O3 scale from forming.  
The addition of Re would then have to decrease the effective DAl in the γ-Ni matrix; 
furthermore, Re partitions strongly to the γ-Ni matrix phase and concentrations can 
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be in excess of 3-4 at% (~9-12 wt%).  Therefore, if a diffusion cross-term does exist 
between Al and Re, JAl may be described as 
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indicating that the cross-term effect on the flux of Al is composition dependent with 
respect to the Re concentration.  As observed by Yoon et al.,193 coarsening kinetics, of 
γ′ in Ni-Al-Cr, were slower when the alloy contained 2 at% Re.  This is in parallel 
with the discussion posed in a previous chapter considering the decreased effective 
permeability of Al to the γ′ precipitates through a negative diffusion cross-term with 
Pt.  Rhenium may also posses a similar negative diffusion cross-term and decreases 
the effective flux of Al to the surface.  
The second effect that may hinder the formation of a protective Al2O3 scale is the 
formation of Re-rich oxides on the surface.  As proposed by Kear et al.,48 the 
percentage of the alloy surface that oxidizes as a mixed Ni(Cr,Al)2O4 spinel allows 
for the formation of Cr2O3 and finally, through reduced oxygen partial pressure at 
the oxide/metal interface, formation of Al2O3.  A percentage-based rationale that 
every element will oxidize on the surface, and that a critical percentage of 
Ni(Cr,Al)2O4 spinel suppresses the formation of non-protective oxides, must use the 
atomic fractions of the elements present.  Thus, the addition of 1 at% Re would not 
likely have a significant effect on the surface oxides in the extreme short-term, this 
has been observed in Ni-Re alloys that need upwards of over 10 at% Re to see ReO2 
present in the scale.80  
Whether these two effects of Re play a combined role or not, it can be reasoned that 
Re is detrimental to the formation of the Al2O3 scale, not necessarily its growth 
kinetics or adherence.  As seen in Fig. 10.2, once the Al2O3 scale is established, the 
growth kinetics during thermal cyclic at 1000oC are similar to those when Re is not 
present and that the difference in kinetics is during the transient stage of oxide 
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formation.  Owing to its very low atomic fraction and small percentage base oxide 
formation, it can be said with a degree of certainty that the primary cause for poorer 
oxidation resistance of the Re-containing alloys is a decreased flux of Al to the 
surface.  This is done by means of decreasing the diffusion coefficient of Al through 
a cross-term effect with Re, hindering the formation of the Al2O3 scale during the 
transient stages of oxidation.   
 
10.4 Oxidation Screening 
The data presented suggests that the presence of PGM and Cr are needed to 
maintain the protective nature of the alloy system when strengthening elements 
such as Re are present.  It therefore was determined that a half matrix design of 
experiments (DOE) with varying additions of Cr, Pt, Ir, Ta, and Re was the best way 
to screen the necessary elements while maintaining the protective oxidation.  In 
Table 10.1 is the composition list of the DOE I alloys in at%.  
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Table 10.1  Nominal compositions (in at%) for the half matrix DOE I alloys 
 
 
The DOE I alloys were cyclically oxidized at 1000oC for 500 hours after which they 
were cross-sectioned and imaged in the SEM.  A summary of the alloys containing 
Re, Ta, or both after oxidation are shown in Fig. 10.4.  
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Fig. 10.4 Summary of oxide morphology of DOE I alloys after cyclic oxidation at 1000oC for 500 
cycles showing variations of oxide constituents with changes in alloy chemistry. 
 
Upon examination of Fig. 10.4, the top two rows which contain only 2.5Cr, were 
shown to not have exclusive Al2O3 formation despite the presence of a PGM, either 
Pt, Ir, or both.  By comparison, the bottom two rows, which contain 5 at% Cr, all 
showed exclusive Al2O3 formation (except the alloy containing only Ir), which in a 
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previous chapter had been determined to have inferior hot corrosion protection 
compared to Pt.  Using these results as a guide, it was determined that a level of at 
least 5 at% Cr was needed to maintain the exclusive Al2O3 formation when additions 
of Re, Ta or both are present. 
It is interesting to note that for the alloys containing 2.5 at% Cr and 2.5 at% PGM, 
that the addition of Ta appears to be more detrimental to the formation of an Al2O3 
scale compared to Re additions. Booth-Morrison et al.194 has found that the addition 
of Ta to Ni-Al-Cr decreases the Al diffusivity, which similarly to Re, would cause a 
decreased Al flux to the surface needed for formation of the Al2O3 scale.  In contrast, 
when 5 at% Cr is present with 5 at% PGM, the growth kinetics of the Al2O3 scale on 
the Ta containing alloys are slower than the Re-containing alloys. This is in good 
agreement with Mikuni et al.65 who showed that the addition of Ta increased the 
transient oxidation, but once formed the Al2O3 growth rate was similar. When 
exclusive Al2O3 was present, which was observed for the alloys containing 5 at% Cr 
and 5 at% PGM, the Ta-containing alloy shows a thinner Al2O3 scale. Li et al.68 
suggested that the presence of Ta facilitates the transition from meta-stable Al2O3 to 
the stable α-Al2O3 which has slower growth rates.195  Since all alloys contain the 
same amount of reactive element Hf, the reduced oxidation kinetics may be a result 
of some other mechanism.  This other mechanism may be this increased transition to 
the stable α-Al2O3.  Therefore, for alloys that may not be exclusive Al2O3 formers, Ta 
may be viewed as detrimental, however it may facilitate the transition to the slower 
growing stable α-Al2O3 and be viewed as beneficial, as seen in the above alloys.   
There are multiple types of phase transformations that can occur during oxidation 
and selective depletion of a solute element.192,196 Ni-base superalloys suffer from 
second-phase dissolution arising from the selective depletion of the primary solute 
in γ′-Ni3Al, aluminum, during high temperature oxidation. Superalloy systems, 
which contain large fractions of the γ′-Ni3Al phase for strengthening, are sensitive to 
microstructure transformation during high temperature oxidation. The γ′ phase is 
the main strengthening mechanism in Ni-base superalloys and as such is critical to 
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its strength.  Dissolution of the γ′ phase results in deteriorated properties within the 
depletion zone, also called the denuded zone.  Depending on alloy composition and 
oxidation rates, denuded zones can be quite large and measurably reduce the cross-
section of creep-resistant material.  This becomes extremely relevant when 
considering thin wall/sheet and foil applications. It can be seen in Fig. 10.4 that 
there are large differences in the γ′ denuded zone thickness when comparing 
compositions.  It therefore is prudent to determine what factors most greatly affect 
this resulting thickness and how to mitigate such microstructural transformations. 
 
10.5 Denuded Zone Analysis 
Two model alloys from the DOE I half matrix, Ni-15Al-5Cr-5Pt-0.1Hf and Ni-15Al-
5Cr-5Pt-2Ta-0.1Hf, will be used to illustrate the sensitivity of phase composition and 
γ’ volume fraction on the denuded zone thickness after high temperature oxidation. 
Two main assumptions are made during this analysis.  One is that during high 
temperature oxidation, no spallation during thermal cycling has occurred.  This is a 
reasonable assumption for these alloys as upon examination of the thermal cyclic 
weight gains no indication of spallation is present.  The second assumption is that 
both alloys form an exclusive Al2O3 scale as  weight gains due to the oxidation of Ni 
and other strengthening elements does not allow for this simplified approach.  As 
will be seen in the cyclic oxidation cross-sections in Fig. 10.10, this is also a 
reasonable assumption. 
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Fig. 10.5 Cyclic oxidation mass gain data for two model alloys used for denuded zone analysis, Ni-
15Al-5Pt-5Cr-0.1Hf with and without 2 at% Ta. 
 
The cyclic oxidation weight gain curves at 1000oC in Fig. 10.5 are for the two model 
alloys tested.  Despite the observed decrease in Al diffusivity in the γ-Ni matrix,194 
the rate limiting species for parabolic growth kinetics is diffusion through the oxide 
scale, not Al supply to the oxide/alloy interface.195  The observed weight gains are 
consistent with those observed for other Al2O3 forming systems.  Additionally, no 
large measurable changes in weight loss were found to indicate large amounts of 
oxide spallation.   
After 500 cycles, the oxidation rate constants were determined for both alloys.  A 
transient oxidation time occurs on all alloys when the parabolic rate constant 
remains constant and is considered in the “steady-state”. A schematic of where the 
steady-state rate constant is determined is shown below in Fig. 10.6. 
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Fig. 10.6 Schematic showing the regions of transient and steady-state oxidation kinetics used for 
determining the oxidation rate constant. 
 
 
The steady-state rate constant was estimated after the first 100 cycles using an Δm vs. 
t1/2 plot.  This is a much longer time to steady-state behavior than that observed by 
Monceau et al.197 who found that Ni-base superalloys, which are Al2O3-formers, 
asymptotically reach there steady-state parabolic rate constant within the first 10 
hours at 1100oC.   However the higher temperatures used by Monceau allow for 
reaching steady-state conditions more rapidly; still, the region prior to 100 hours is a 
reasonable assumption.  Using the Δm vs. t1/2 plot shown in Fig. 10.7 a good 
correlation is observed indicating a rate constant exponent to the ½ power. 
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Fig. 10.7 Plot of weight gain versus t1/2 indicating a parabolic oxidation rate constant. 
 
 
However, determining the parabolic rate constant must be verified, as it is more 
difficult to determine for cyclic oxidation.  The cyclic nature of the oxidation 
experiments generates micro-cracking through the large strains generated by the 
thermally induced stresses.198,199 Therefore an instantaneous rate constant can be 
determined as a function of time.  Since the data points for the changes in weight are 
not continuous, only a finite “instantaneous” rate constant can be determined and 
should be considered intermittent.  The intermittent rate constant as described by 
Pieraggi200 is  
! 
("m #"mi)
2
= kp (t # ti)  Eq. 10.3 
 
where any transient oxides formed do not directly affect the steady-state behavior of 
the alloy (i.e. NiO on Al2O3-forming alloys).200  The calculated intermittent rate 
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constants for both alloys are shown in Fig. 10.8, also shown for comparison is the 
value determined using the Δm vs. t1/2 plot.  The noise in the intermittent parabolic 
rate constant is a result of the long duration between measurements, the slow 
growth rate of the Al2O3.  The values determined from the Δm vs. t1/2 plot are 
approximately 1.5 orders of magnitude higher than the intermittent values shown in 
the intermittent kp plot. 
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Fig. 10.8 Intermittent parabolic rate constants determined for the two model alloys showing a 
value lower than that determined from the linear regression analysis.  
 
It can be seen that the deviations in the intermittent rate constant appear to fall 
within a certain band of experimental error from ~1x10-5 to 1x10-6 mg2/cm4⋅hr after 
100 hours of exposure.  Therefore the first 100 hours can be considered transient 
oxidation and confirms that they should not be used.  Owing to the scatter of the 
data points for determining the intermittent rate constant, it was concluded that a 
higher statistical accuracy is achieved through using the liner regression of the Δm 
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vs. t1/2 plot and is more accurate than the intermittent kp plot.  The steady-state rate 
constants are listed below in Table 10.2, these rate constants are slightly lower those 
found for isothermal conditions of other Al2O3 forming systems containing reactive 
elements. 
 
Table 10.2 Experimentally determined parabolic rate constants for the two model alloys compared 
with literature values. 
 kp [g2/cm4⋅h] 
Ni-15Al-5Pt-5Cr-0.1Hf 7.9x10-11 
Ni-15Al-5Pt-5Cr-2Ta-0.1Hf 6.2x10-11 
Literature201 3x10-9-3x10-10 
 
Once the oxidation experiment had concluded, the alloys were cross-sectioned and 
polished for analysis.  Using BSE mode in the SEM, a two-phase microstructure, 
along with the γ′ denuded zone were observed.  Using image analysis software, the 
γ′ denuded zones were measured over multiple regions and averaged together.  The 
γ′ denuded zone measurements are present on the SEM cross-sections for both alloys 
in Fig. 10.9. 
 
 
Fig. 10.9 Measured γ′  denuded zone thicknesses after 1000oC cyclic oxidation for 500 cycles of Ni-
15Al-5Pt-5Cr with and without 2 at% Ta 
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As can be seen in Fig. 10.9, the thicknesses of the two Al2O3 scales are comparable 
and can therefore be assumed to have consumed nearly the same amount of Al.  Yet 
there is a much smaller denuded zone for the alloy containing 2 at% Ta.  There is 
also a larger γ′ volume fraction (bright phase) within the alloy microstructure of the 
Ta-containing alloy (Vf=63%), compared to the alloy that is Ta-free (Vf=44%), which 
was determined using image analysis.   
In order to elucidate these effects, phase compositions and γ′ volume fraction must 
be known.  EPMA and elemental line scans were conducted on each polished 
sample.  The results of the EPMA line scans are presented in Fig. 10.10.  The Ta-free 
alloy clearly shows a single-phase region below the oxide scale (γ-Ni).  Maximum 
and minimum aluminum concentrations were determined from the line scan and at 
the γ/γ+γ′ interface for the γ′ and γ phase respectively.  The analytic results of the 
EPMA are listed in Table 10.3.    
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Fig. 10.10 EPMA line profiles for the two model alloys Ni-15Al-5Pt-5Cr with and without 2 at% Ta 
after 500 cycles of 1000oC cyclic oxidation 
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Table 10.3 Phase compositions determined from the EPMA line profiles through the γ′  denuded 
zone after 500 cycles of 1000oC oxidation 
  Al Pt Cr Ta Hf 
Ni-15Al-5Pt-5Cr-0.1Hf γ′ 18.3 7.1 4.1 - 0.2 
 γ at γ/γ′ boundary 11.2 4.5 5.8 - 0.0 
Ni-15Al-5Pt-5Cr-2Ta-0.1Hf γ′ 17.3 6.1 3.1 3.0 0.1 
 γ at γ/γ′ boundary 8.4 3.4 8.0 0.8 0.0 
 
The γ phase composition near the two-phase boundary will be used for analysis as 
this composition will be very near equilibrium as any chemical potential gradients 
that would be generated by the denuded zone/two-phase interface would generate 
a diffusion profile along the interface such that equilibrium would occur.  It is 
interesting to point out that traditional thinking has taught that if solute-rich 
precipitates are higher in aluminum that a decreased denuded zone thickness will 
result.  As can be seen in Fig. 10.9, this is not the case.  In order to determine γ′ 
volume fraction, two methods were used.  One of which is a ladder diagram,116,202 
which is a graphical representation of the multi-component mass balance two-phase 
tie line.  Based on nominal bulk and measured phase compositions, the linear 
regression slope of the line is the second-phase volume fraction.  Ladder diagrams 
for both alloys are shown in Fig. 10.11.  The alloy containing Ta has one extra data 
point as a result of the Ta addition.  Both alloys have reasonable regression analysis 
and have their slopes presented.  These are compared with area fraction analysis 
using image analysis software.  These values are compared in Table 10.4.     
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Fig. 10.11 Ladder diagrams determined for the two model alloys used for the γ′  denuded zone 
analysis, with the Ta-containing alloy showing a large increase in fγ′. 
 
Table 10.4 Comparison of ladder diagram and image analysis determined fγ′ showing disparities of 
values. 
 Ladder Diagram Image Analysis 
Ni-15Al-5Pt-5Cr-0.1Hf 50% 44% 
Ni-15Al-5Pt-5Cr-2Ta-0.1Hf 69% 63% 
 
The ladder diagram analysis predicts γ′ volume fraction values approximately 6% 
higher than the image analysis does.  The ladder diagram method is seen as more 
accurate since the use of multiple “data point” elements through a mass balance 
approach allows for a more statistically viable assessment of the second-phase γ′ 
volume fraction.  In addition, the single-phase region of the denuded zone allows for 
a more reliable measurement of the γ-Ni phase composition compared with the two-
phase region.  The interaction volume associated with an EPMA line profile is on the 
order of a few microns predicted by Monte Carlo simulations.203   Combined with 
the interaction volume, the line scans presented did not try and accurately measure 
individual precipitates, in which case a statistical uncertainty arises if any measured 
composition was a “true” γ′ precipitate composition.  The use of the γ-Ni denuded 
zone alleviates this by applying the known γ-Ni composition and applying the mass 
balance.  Therefore the measurements taken from the ladder diagram approach will 
be used for the further analysis.  
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It can be seen that the alloy containing Ta has almost a 20% increase in γ′ volume 
fraction over the similar model alloy.  Given that both alloys have similar γ′ 
aluminum content, the schematic shown in Fig. 10.12 shows two imaginary alloys 
and how changes in the two-phase tie line compositions can change the large 
increase in γ′ volume fraction.  It also shows how the width of the γ+γ′ region creates 
a sensitivity to the nominal Al content.  The data points in Fig. 10.12 are each 
changes in Al content by 0.5 at% and increases in each data point changes the γ′ 
volume fraction considerably different between the two alloys. 
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Fig. 10.12 Schematic of imaginary alloys with varying γ  and γ′  phase compositions and how it 
relates to γ′  volume fraction and sensitivity to bulk Al content. 
 
Given that there was a measurable decrease in the aluminum content of the γ-Ni 
phase in the Ta-containing alloy (large Δ), a larger γ′ volume fraction results despite 
both alloys containing the same bulk aluminum content.  Given the date obtained 
using the EPMA, an accurate diagram can be constructed; Fig. 10.13 is the actual 
graphical representation of the date in Table 10.4 schematically shown in Fig. 10.12.  
It can now more clearly be seen that a despite a decrease in aluminum content of the 
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γ′, a larger volume fraction of γ′ is possible through a decreased γ-Ni matrix Al 
content.  The triangles in Fig. 10.13 represent the image analysis values of volume 
fraction, compared to those using the ladder diagram. 
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Fig. 10.13 Experimental data of phase composition graphically represented as in Fig. 10.12.  
 
In addition to volume fraction, phase composition especially of the matrix phase, 
becomes important in determining the sensitivity of the alloy to generating a 
denuded zone during high temperature oxidation.  Given the results above, a 
thorough analysis of the denuded zone can now be conducted.   
The results from the EPMA indicate a flat Al diffusion profile in the subsurface 
denuded zone. A schematic illustrating the flux of Al through a flat diffusion profile 
is shown in Fig. 10.14. 
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Fig. 10.14 Schmatic showing the flux of Al to the surface for oxidation through a flat Al diffusion 
profile 
 
A flat diffusion profile with a second-phase denuded zone can be shown to 
correspond to an Al flux in the alloy given by 
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where NAlO is the bulk composition, NAlγ is the γ-matrix composition in local 
equilibrium with γ′, Vall is the molar volume of the alloy and Xd is the denuded zone 
thickness.  Now under steady state conditions, the flux of Al to the surface must be 
equal to amount of Al being consumed by formation of an Al2O3 scale, i.e. JAlall=JAlox 
where 
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and Vox is the molar volume of the oxide.  The weight gain parabolic rate constant kp 
can be related to the parabolic rate constant of oxide thickness (cm2/s), kt, through 
the relationship36 
t
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=  Eq. 10.6 
 
 
where d= density of the oxide, MX= atomic weight of the non-metal, and MMaXb= the 
molecular weight of MaXb.  Equating Eq. 10.4 with Eq. 10.5 and solving for Xd yields 
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This expression shows that for like alloys, where it is assumed that molar volumes of 
both the alloy and oxide are approximately equal, the denuded zone thickness is 
controlled by the rate of oxidation and the difference between the bulk and matrix 
compositions.  The difference in matrix and bulk concentration is proportional to the 
second-phase (i.e. γ′) volume fraction.  Both alloys have comparable parabolic rate 
constants (7.9x10-5 and 6.2x10-5 mg2/cm4⋅h for 5Pt-5Cr and 5Pt-5Cr-2Ta, 
respectively) and therefore do not significantly affect the difference in denuded zone 
thickness. Calculations of the molar volumes indicate that changes in molar volume 
from 7.2-7.3 mol/cm3 for the Ta-free and Ta-containing alloys, respectively. 
 
Table 10.5 Predicted and experimental values of γ′  denuded zone for the two model alloys Ni-15Al-5Pt-
5Cr-0.1Hf with and without 2 at% Ta 
Alloy Predicted (µm) Experimental (µm) 
5Pt-5Cr 54 14 
5Pt-5Cr-2Ta 28 3 
 
The simplified approach given here is a “worst case” as there is no contribution of 
Al from the matrix and that there is no contribution from an Al diffusion profile 
through the γ+γ′ region. These factors most likely caused the over-prediction of γ′ 
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denuded zone.  In addition to the limitations of the expression, experimental errors 
that can shift alloy denuded zone thickness calculations by either error in 
determining the parabolic rate constant for the alloy, or measurement errors 
associated with determining the phase compositions.  However, changes in 
parabolic rate constant kp, can be by an order of magnitude and can drastically alter 
prediction.  If the nominal alloy content is 15 at% Al and the γ-Ni phase composition 
term changes from 10 to 8 at% Al through either partitioning or measurement error 
a difference in only 10% occurs compared to the 300% as a result of an increase in an 
order of magnitude in parabolic rate constant. Therefore determining an accurate 
parabolic rate constant is necessary for an accurate prediction. This also shows that 
the error introduced in the phase compositions are not as significant as the parabolic 
rate constant.  Sensitivity to the parabolic rate constant is schematically shown in 
Fig. 10.15. Equation 10.8 shows the relationship between the measured phase 
compositions and the volume fraction ratio. 
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As seen in the illustration, a change in an order of magnitude of the parabolic rate 
constant calculation from the experimental data can alter the γ′ denuded zone 
calculation from ~50 µm to almost 200 µm.  However, given that the calculated rate 
constants are similar, as previously mentioned, the largest factor influencing the 
denuded zone thickness is the difference in compositions between the two phases, 
specifically the partitioning of the solute element, which is proportional to the 
second-phase volume fraction as shown in Eq. 10.8.  At high γ′ volume fractions the 
sensitivity to the parabolic rate constant is much lower than when the γ′ volume 
fraction is low. 
 
168 
 
Fig. 10.15 Schematic showing differences in an order of magnitude in parabolic rate constant for an 
example two-phase alloy. 
 
The addition of Ta resulted in a larger volume fraction ratio as a result of a 
decreased γ-Ni Al content and therefore a much smaller denuded zone.  Through 
these alloy experiments, it is clear that Ta is very potent at increasing the volume 
fraction ratio by decreasing the γ-Ni Al content and thus limiting the denuded zone 
thickness to values below ~5µm.  Therefore the addition of 2 at% Ta from this point 
was consistently used throughout the alloy development process. 
 
10.6 Type II Hot Corrosion 
While exclusive Al2O3 formation is necessary to provide protection against further 
oxidation, service temperatures and environments are not uniform throughout a 
turbine blade. Since OEM’s typically do not give out absolute temperature 
measurements within a turbine engine, a schematic showing a relative temperature 
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differential for a single-crystal turbine blade is in Fig. 10.16 with red regions 
indicating the hottest areas and the blue the coldest area.101  
Oxidation 
regime
Hot corrosion 
regime
 
Fig. 10.16 Qualitative temperature profile of a single crystal stage I turbine blade with red (hot) 
and blue (cool) regions which correspond to regions of oxidation and hot corrosion 
 
As can be seen in Fig. 10.16, there are regions where oxidation resistance is needed, 
however much of the blade surface requires hot corrosion resistance as well.  
Therefore, three alloys, which contain sufficient levels of PGM and Cr to establish an 
exclusive Al2O3 scale, were subjected to a Type II hot corrosion test. 
The alloys again are all Ni-15Al-5Cr-0.1Hf based with additions of 2.5Pt, 2.5Pt-1Re-
2Ta, or 5Pt-2Ta.   The test conditions are consistent with those described previously 
with the test temperature at 700oC used for Type II hot corrosion.  After 100 hours of 
exposure, the samples were mounted and polished to prevent dissolution of the 
corrosion products by water.  The following figure summarizes the results.  For 
comparison purposes, a γ+γ′ coating composition of Ni-22Al-5Pt-5Cr-0.4Hf is also 
shown, which is considered one of the best performing coating compositions studied 
during the coatings research project.141 
The results in Fig. 10.17 show that when exposed to Type II conditions, the bare 
material is slightly susceptible to attack, as can be seen by the corrosion product 
visible in the cross-section.  EDS analysis confirms the presence of NiO on the 
surface while subsurface attack consists of mixed sulfide compounds.  In contrast, 
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when the alloys are first pre-oxidized to form a protective scale, which is a 
commonly used commercial process, the resistance to attack increases greatly. 
 
Fig. 10.17 Type II hot corrosion of selected alloys *pre-oxidaiton was conducted at 1000oC for 6 
hours, while the coating composition was pre-oxidized at 1100oC for 6 hours 
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Fig. 10.18 Mass gain of the alloys tested in Type II hot corrosion for 100 hours.  Pre-Ox denotes pre-
oxidation of the alloys prior to testing 
 
Type II hot corrosion is characterized by a salt-induced attack whereby the 
deposited salt (i.e. Na2SO4) is below its melting point Tm=884oC.  Detailed 
investigations of Type II hot corrosion by Luthra204,205 determined that a low melting 
eutectic of Na2SO4- CoSO4 has a Tm=565oC, well below the Type II regime.  Once 
liquid, the fluxing of the protective scale is possible.  This has been described as the 
reason Co-base alloys and CoCrAlY coatings are poor in Type II hot corrosion.206  
The same can be said however for Ni-base systems as the Na2SO4- NiSO4 eutectic 
has a Tm=671oC and has been attributed to the Type II attack of Ni-base alloys.207,208 
The NiSO4 is able to form through the reaction 
NiO(s) + SO3 → NiSO4(s) 
 
whereby the reaction with the Na2SO4 causes liquid formation and fluxing of the 
protective oxide.  Therefore the resistance to Type II hot corrosion may be directly 
related to the alloy’s ability to prevent transient Ni oxidation to NiO sufficiently to 
prevent liquid formation when subjected to a partial pressure of SO3.  If there is no 
NiO to react with, the Na2SO4 must react with the Al2O3 in one of three ways:209 
 
Al2O3(s) + 3SO3 → Al2(SO4)3 
when the PSO3 is high and the PO2 is high, 
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Al2O3(s) + 3SO3 → Al2S3 +6O2 
when the PSO3 is high and the PO2 is very low or, 
 
Al2O3(s) + O2- → 2AlO2- 
when the PSO3 is high and the PO2 is low.  The latter happens when the Na2SO4 
becomes depleted of O2- by means of the formation of Al2O3 underneath the Na2SO4.  
However, there is a large region of PSO3 (log PSO3≈ -6 to 0) and most PO2 where Al2O3 
is stable in contact with the Na2SO4, while in this region the CoSO4(s) is stable and 
generates the liquid eutectic.  This is why protective Al2O3 scales are very good at 
resisting salt-induced attack.  Given these reactions, the absence of a transient NiO 
scale allows the Al2O3 to protect against the fluxing.  In addition, if the alloy is pre-
oxidized, the final reaction will not take place as the depletion of O2- in the Na2SO4 
will not take place because the oxide scale is already present. 
The attack with no pre-oxidation and the superior resistance to attack with pre-
oxidation shows that the reaction occurs when the alloy tries to produce an Al2O3 
scale and depletes the Na2SO4 of the O2-.  It also indicates that there is little to no 
NiO on the surface to allow for the formation of liquid-forming eutectics.   
Upon comparison between the superalloy type compositions and the coating 
composition in cross-section and weight gain a very small difference is seen in 
resistance to Type II hot corrosion.  This result gives confidence that small additions 
of PGM, especially Pt, can impart improved hot corrosion resistance by removing 
the transient NiO formation and suppression of the liquid formation.  This Type II 
hot corrosion resistance is in addition to oxidation resistance even in the presence of 
strengthening elements.   
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10.7 DOE II Alloy Matrix 
After conducting oxidation and hot corrosion experiments on the DOE I alloys, it 
was determined that it was necessary to have an alloy with at least 2.5 at% PGM and 
5 at% Cr.  These levels of PGM and Cr allowed for the strengthening elements to be 
added to the bulk composition while maintaining the ever-important exclusive 
Al2O3 formation during 1000oC cyclic oxidation.  It was also determined that the 
addition of Ta increases the γ′ volume fraction by means of changing the matrix 
aluminum content and as such decreases the denuded zone thickness during the 
oxidation period.  The addition of Re was also continued as it is known to be a 
potent element in increasing the creep resistance of Ni-base alloys while not 
hindering the oxidation resistance.  Therefore a second design of experiments, DOE 
II was constructed which varied the PGM, Cr, Ru, and W.   
It was determined after extensive heat-treating, that it was not possible to 
completely solutionize the DOE II alloys containing 15 at% Al as the 2 at% Ta 
increased the γ′ solvus and the additions of W and Ru decreased the solidus to an 
extent that melting initiated prior to becoming single phase.  Therefore an additional 
set of alloys, called DOE II′ was made.  These alloys were the same as those in DOE 
II however these alloys contained 13 at% Al, rather than the 15 at% in the original 
set.  The DOE II′ alloy list is shown in Table 10.6. 
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Table 10.6 Alloying additions of nominal at% for DOE II′  alloys with a base composition of Ni-
13Al-1Re-2Ta-0.1Hf 
Alloy Pt Ir Cr Re W Ru 
E1 2.5  5 1 1 1 
E2 2.5  5 1 2 2 
E3 2.5  7.5 1 2 1 
E4 2.5  7.5 1 1 2 
E5 2.5  10 1 1 1 
E6 2.5  10 1 2 2 
E7 2.5 2.5 5 1 2 1 
E8 2.5 2.5 5 1 1 2 
E9 2.5 2.5 7.5 1 1 1 
E10 2.5 2.5 7.5 1 2 2 
E11 2.5 2.5 10 1 2 1 
E12 2.5 2.5 10 1 1 2 
 
10.7.1 Isothermal Oxidation at 1000oC   
Isothermal oxidation was conducted at 1000oC for 100 hours to determine the effect 
of increasing the Cr content from 5 to 10 at%.  All alloys presented in this section 
have a base composition of Ni-13Al-2.5Pt-1Re-2Ta-0.1Hf.  A summarization of alloy 
oxidation characteristics by cross-section is shown below in Fig. 10.19.  EDS analysis 
indicated that the alloys containing only 5 at% Cr showed non-protective oxidation, 
with the outward growth of NiO and inward growth of mixed oxides.  This internal 
oxidation front was fast growing and incorporated the PGM additions, which are 
observed as the bright particles in the internal mixed-oxide zone.  An innermost 
Al2O3-rich layer developed in the sub-scale, confirmed by the EDS.  This type of 
oxidation is very undesirable as formation of the Al2O3 scale is very difficult and has 
been labeled with a red square indicating a bad qualitative ranking for the alloys. 
Alloys containing 7.5 at% Cr showed improved oxidation resistance by reducing the 
thickness of the non-protective oxides observed in the cross-section compared to 
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those that formed on the 5 at% Cr alloys.  Note the change in magnification (500X to 
5000X) between 5 and 7.5 at% Cr.  These alloys are considered “border-line” as they 
are near exclusive Al2O3 formation; however transient oxides (i.e. NiO and NiAl2O4) 
are still present in the cross-sectional analysis and scale spallation would make re-
formation of the Al2O3 scale difficult.  These alloys are labeled with a yellow square 
for the qualitative ranking system, which is considered viable for non-demanding 
environments where cyclic behavior and high temperatures may not be seen. 
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Fig. 10.19 Summary of oxidation characteristics for DOE II′  alloys after isothermal oxidation at 
1000oC for 100 hours. 
 
In contrast to the 5 and some of the 7.5 at% Cr alloys, with the addition of 10at% Cr, 
a much different behavior was observed.  The presence of more Cr allowed for the 
relatively rapid establishment of a continuous Al2O3 scale.  The formation of Al2O3 
inhibited the formation of other oxides and essentially blocked the outward 
diffusion of other species.  For the 10 at% Cr alloys a ~7-8 µm thick γ′ depletion layer 
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was measured beneath the Al2O3 scale.  The observed effect of Cr on the transient 
oxidation and exclusive Al2O3 formation was consistent throughout the matrix of 
alloy compositions.  These compositions are labeled with a green square, as these 
alloys possess excellent oxidation characteristics as exclusive Al2O3 formation was 
observed.  This result concluded that in order to maintain exclusive Al2O3 formation; 
Cr levels must be increased from 5 to 10 at% as a result of increased strengthening 
elements present in the alloy. 
The effects of W are thought to be similar to those elucidated with Re.  It is thought 
that despite partitioning to a lesser extent to the matrix phase, W may decrease the 
flux of Al to the surface.40  In addition, incorporation of W was not observed in the 
outward growing scale and may have an increased activity at the scale/alloy 
interface through an increased concentration.  Additionally, W and Ru may increase 
the oxygen permeability of the alloy.84  As shown in Chapter 8, the addition of Pt 
was observed to decrease the oxygen permeability of the alloy and hence promote 
the formation of the oxides that are stable under low partial pressures of oxygen (i.e. 
Al2O3).   
Ru, despite being considered by some as a PGM, is not inert in oxidizing 
environments.  Ru will oxidize into volatile oxides and may also increase the oxygen 
permeability of the alloy.  This is supported by the results of the low Cr (5 at%) 
alloy, which showed large amounts of inward oxidation associated with the 
diffusion of oxygen into the alloy.  This result is extremely similar to that found by 
Feng et al.84 on a Ni-base superalloy containing 4 at% Cr and 6 at% Ru.  Internal 
oxidation of the alloy was accompanied by the outward diffusion of Ni and its 
oxidation into NiO.  Only after sufficient flux of Al to the surface is present, that a 
protective Al2O3 scale is able to form and “shut-off” further inward diffusion of 
oxygen.  However it is believed that the addition of Cr decreased the oxygen 
permeability and negates the effects of W and Ru on oxygen permeability and 
allows the alloy to establish an external Al2O3 scale.  As a result, other alloying 
elements are not able to oxide under the low partial pressure of oxygen in the alloy.    
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10.7.2 TGA Analysis of Cr effect at 1000oC 
To try and further elucidate the effects of Cr, another set of alloys with a similar base 
composition (Ni-13Al-2.5Pt-2.5Ir-1Re-2Ta-1W-1Ru-0.1Hf) was exposed to isothermal 
oxidation at 1000oC for 100 hours.  These alloys showed similar trends of oxidation 
characteristics with different additions of Cr.  The observed behavior of large 
differences in oxidation resistance with Cr content has previously been observed for 
Ni-Al-Cr alloys when Walwork et al.45 created the ternary oxide map for the system, 
however as previously shown, the presence of other strengthening elements can 
greatly affect the oxidation characteristics as well.  The oxide scale constituents are 
similar to those observed in the aforementioned 5 at% Cr alloys with an outwardly 
grown NiO layer with internal attack and finally, as can be seen in Fig. 10.20, an 
Al2O3 scale formed after the transient stage of oxidation. In order to more 
thoroughly investigate this affect, thermal gravimetric analysis (TGA) was 
conducted on the two alloys. 
 
      
Fig. 10.20 Ni-13Al-2.5Pt-2.5Ir-1Re-2Ta-1W-1Ru-0.1Hf Isothermal oxidation for 100 hours at 1000oC 
alloys containing a) 5at% Cr and b) 10at% Cr 
    
The TGA analysis was conducted at 1000oC for 100 hours. The results of these two 
alloys are presented in Fig. 10.21.  To verify that the alloys oxidized in the TGA were 
indeed parabolic in nature, the weight change data were plotted on an Δm vs. t1/2 
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plot.  The data shown in Fig. 10.22 have an excellent correlation to the statistical 
linear regression, which indicates parabolic behavior.200  The lower regression 
coefficient for the 10 at% Cr alloy is a result of a much lower signal-to-noise (S/N) 
ratio.  The micro-balance accuracy is approximately 0.02 mg, giving a S/N of 32 and 
7.5 for the 5 and 10 at% Cr alloys respectively.   
 
Fig. 10.21 TGA continuous weight gain data for the base alloy Ni-13Al-2.5Pt-2.5Ir-1Re-2Ta-2W-2Ru-
0.1Hf with 5 at% Cr (red) and 10 at% Cr (blue) 
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Fig. 10.22 Parabolic rate constant determination of Δm v. t1/2 plots of TGA data 
 
The continuous weight gain data shown in Fig. 10.21 showed a significant difference 
in the oxidation characteristics of the two alloys. The data was plotted on a Δm vs. t1/2 
plot and showed a linear relationship which confirms the fact that both alloys show 
parabolic behavior.  The steady-state parabolic oxidation rate constant was 
determined for these alloys in the time range of 50-100 hours.  The two alloys had 
very similar parabolic rate constants [5.0x10-4 and 4.8x10-4 mg2/(cm4⋅hr) for the 5 Cr 
and 10 Cr alloys respectively], which within the experimental error, is 
approximately the same.  This is not surprising as the previously shown cross-
sections showed that for the 5 at% Cr alloy, an Al2O3 scale was formed, but only 
after non-protective oxides had formed first.  Therefore in the steady-state regime, 
both alloys are Al2O3 forming and hence have similar parabolic rate constants.   
It is in the transient regime that the two alloys show their significant difference.  This 
change in transient oxidation behavior is a result of the chromium “gettering”136 
which has been mechanistically described by Giggins et al.44 and Kear et al.48 The 
181 
process of gettering allows for extremely thin layers of mixed Ni(Cr,Al)2O4 spinel 
and NiO which results from the oxidation of the base alloy.  These thin layers 
sufficiently reduce the oxygen partial pressure such that Cr2O3 forms.  Once the 
Cr2O3 forms, the only oxide that has a lower equilibrium oxygen partial pressure is 
Al2O3, which allows “exclusive” Al2O3 formation.  This process has been found to 
occur extremely rapidly (within 1 hr at 1000oC).48 As the amount of Cr increases, the 
fraction of initial surface oxide that is a mixed Ni(Cr,Al)2O4 spinal increases and 
shuts off the growth of the less stable NiO.  These layers are extremely thin and are 
difficult to observe without careful preparation210 and are usually neglected when 
describing an alloy as an “exclusive” Al2O3 former.    
This important result confirms that the presence of 10 at% Cr in addition to the 13 
at% Al allows for sufficient coverage of the alloy with the mixed spinel oxide and is 
beneficial in suppressing the formation of non-protective NiO and oxygen ingress 
into the alloy and aids the formation of the Al2O3 scale during the transient 
oxidation period.  If the main driving force for exclusive Al2O3 formation is the 
percentage of surface covered with a mixed spinel oxide, then when other refractory 
elements that have poor native oxide protection are present then an increase in 
either Al or Cr content is needed, as observed in the Ni-Al-Cr oxide map.45 This 
mechanistic effect also confirms the reason why the Cr was increased when there 
was a decrease in Al content as a result of the microstructure dictation.     
It is noteworthy to mention that as previously discussed, oxidation tests conducted 
in the extreme short-term determined that despite the presence of Pt, the addition of 
Cr was beneficial in reducing the oxygen uptake and that for the DOE II′ alloys the 
addition of 2.5 or 5 at% PGM was not as profound as the increase in Cr.      
 
10.8 Is Platinum Still Beneficial? 
10.8.1 Cyclic Oxidation 
After confirming that fact the presence of 10 at% Cr was needed to maintain 
exclusive Al2O3 formation, it was deemed necessary to re-confirm the beneficial 
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effects of Pt on the oxidation resistance of highly alloyed systems with very low 
amounts (2.5 at%) of Pt.  To do this, a base composition of Ni-13Al-10Cr-1Re-2Ta-
2Ru-2W-0.1Hf was prepared with and without 2.5 at% Pt addition. The alloys were 
tested under cyclic oxidation conditions at temperatures 1000, 1150, and 1200°C for a 
minimum of 750 cycles. Again, each thermal cycle consisted of 1 hour at the 
oxidation temperature followed by 30 minutes at ~70°C.  The results are 
summarized in Fig. 10.23.  It can be seen that at a given temperature, the Pt-
containing alloy had lower short-term weight gains compared to Pt-free alloy.  There 
was no significant difference in scale spallation resistance at 1000°C between the 
alloys; however, at the higher reaction temperatures the benefits of Pt addition were 
clearly observed. Specifically, the Pt-containing alloy showed minimal scale 
spallation (i.e., weight loss) at 1150 and 1200°C, while the Pt-free alloy exhibited 
extensive scale spallation at those temperatures.  For the Pt-containing alloy, scale 
spallation was only observed after about 650 cycles at 1200°C.  Thus, even though 
each alloy contained 0.1 at% Hf, which is a well-established reactive-element 
addition that may impart scale adhesion,211 the beneficial influence of Pt addition 
was much greater at 1150 and 1200°C.    
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Fig. 10.23 1000, 1150, and 1200oC cyclic oxidation in air of Ni-13Al-10Cr-1Re-2Ta-2Ru-2W-0.1Hf 
base composition with and without the addition of 2.5 at.% Pt. 
 
Representative cross-sectional SEM images of each alloy after 750 one-hour 
oxidation cycles at 1000, 1150 and 1200°C are shown in Fig. 10.24.  The cross-sections 
of the alloys exposed to 1000°C were quite similar, with both alloys forming a 
continuous Al2O3 scale. The Pt-containing alloy exposed at 1150oC showed a planar 
Al2O3-scale with ~10 µm γ′ denuded zone, while the Pt-free alloy showed a thin scale 
as a result of repeated spallation.  As a consequence of the latter, excessive Al 
consumption occurred and an extremely large γ′ denuded zone developed (out of 
the field of view in Fig. 10.24d).  At 1200°C both alloys also exhibited exclusive 
Al2O3-scale formation, but the scales in these cases were quite thick and damaged 
(i.e., containing cracks and regions of spallation).  The Pt-containing alloy showed a 
slightly larger γ′ denuded zone than at 1150°C as a result of the higher oxidation 
kinetics.  The Pt-free alloy showed extensive scale loss, which is in accordance with 
its significant weight-loss kinetics shown in Fig. 10.23.  This is in agreement with 
Hou et al.212 who found that Pt increases the relative interfacial strength of Al2O3 on 
Pt-modified γ+γ′ alloys.  This becomes especially important as the use of high Cr (10 
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at%), which is needed to facilitate the formation of Al2O3, enhances the interfacial 
segregation of S and decreases the oxide/alloy interfacial strength.212,213 
 
 
Fig. 10.24 Cross-sectional SEM images of the Ni-13Al-10Cr-1Re-2Ta-2Ru-2W-0.1Hf base 
composition with and without the addition of 2.5 at.% Pt  after 750 one-hour thermal cycles at 
1000°C (a and b) 1150oC (c and d)  and 1200°C (e and f). 
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10.8.2 Comparison to Pt-modified-β  
In addition to determining the effects of Pt on the oxidation resistance of the 
superalloy-type composition, it was deemed prudent to compare the oxidation 
resistance to a state-of-the-art coating composition.  The prototypical coating 
composition chosen was β-(Ni35Pt15)Al50 and the comparison results are presented in 
Fig. 10.25.  At the exposure temperature of 1000°C the oxidation behavior of the 
superalloy and β compositions are seen to be nearly identical.  At the higher 
temperatures of 1150 and 1200°C the Pt-modified superalloy composition 
outperformed the β alloy, showing much lower weight-change kinetics and no signs 
of spallation over 500 cycles.  The reason for this decrease in oxidation kinetics is 
most likely attributed to the presence of Hf in the superalloys while the Pt-modified 
β does not contain a reactive element.211 
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Fig. 10.25 Comparison of the 1000, 1150 and 1200°C cyclic-oxidation kinetics of a Ni-13Al-10Cr-
1Re-2Ta-2Ru-2W-2.5Pt-0.1Hf alloy (solid data points) to a Pt-modified β  alloy (open data points). 
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10.8.3 Type I Hot Corrosion 
Type I high temperature (HTHC) hot corrosion tests were conducted at 900°C on the 
Ni-13Al-10Cr-1Re-2Ta-2Ru-2W-0.1Hf alloy with and without 2.5 at% Pt addition.  
All alloys tested were first pre-oxidized at 1100oC for 80 hours to create a 
predominantly Al2O3 scale based on the previously conducted isothermal oxidation 
experiments conducted on the same base composition containing 10 at% Cr. The 
Type I hot corrosion environment consisted of the aforementioned O2+0.1% SO2 gas 
mixture in addition to direct Na2SO4 salt deposits on each sample coupon.  The salt 
deposits were replenished every 20 hours of HTHC exposure as described earlier.  
For the first set of test coupons the salt deposit was applied at an amount of ~3 
mg/cm2, which corresponds to a high salt (HS) deposition.  The second set of runs 
was conducted at a salt amount of ~1 mg/cm2, which corresponds to a low salt (LS) 
deposition, while the third set of runs was conducted with a low salt ~1 mg/cm2 
deposition; however the salt was only applied to one side (LSOS).  The differences in 
hot corrosion aggressiveness between conditions and testers can be very subjective; 
therefore it was important to determine the best testing methods.   
The weight gain measurements summarized in Fig. 10.26 showed that the difference 
between the high salt and low salt environments do not measurably change 
aggressiveness.  However, when the low salt is applied only to one side of the 
sample, a dramatic difference can be seen between the 2.5Pt and Pt-free alloys.  
Cross-sectional analysis of all conditions was conducted to determine if the hot 
corrosion attack characteristics are consistent between all experiments.  
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Fig. 10.26 Comparison of the ~3mg/cm2 (solid),  ~1mg/cm2 (dashed), and ~1mg/cm2 1 side (solid, 
open data point) Type I hot corrosion behavior of the Ni-13Al-10Cr-1Re-2Ta-2Ru-2W-0.1Hf base 
composition with and without the addition of 2.5 at.% Pt. 
 
Fig. 10.27 summarized the representative cross-sections of all experimental 
conditions.  As can be seen between the comparison between the high salt: a) and b), 
the low salt: c) and d), and finally the low salt one side: e) and f) results, the 
characteristics between the two salt levels are very similar.  The 2.5Pt alloy showed 
increased Type I resistance compared to the Pt-free alloy, which was completely 
consumed after the 100 hours of exposure in both cases, despite changes in salt 
content and aggressive testing conditions.  In contrast, the low salt one side (LSOS) 
condition is less aggressive, yet the Pt-free alloy still showed large amounts of attack 
and nearly all metal was consumed; however the 2.5Pt alloy showed close to no salt-
induced attack.  The comparison between the two alloys at the low salt, one side 
shows the starkest difference in resistance to the Type I hot corrosion.  These and 
other results suggest that this is the aggressiveness that has been previously used on 
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a wide variety of high Al/high Pt coating type compositions.  It should be noted that 
the 2.5Pt alloy has resistance similar to those coating type compositions.141 
 
 
Fig. 10.27 Type I H.C. in 3mg/cm2 a) 2.5Pt, b) No Pt; 1mg/cm2 c)2.5Pt, d) No Pt;  
and 1mg/cm2 1 side e) 2.5Pt and f) No Pt 
 
10.8.4 Type II Hot Corrosion 
The Type II hot corrosion tests were conducted on the same alloys with a test 
temperature of 700°C. Fig. 10.28 compares the weight gains from the Type I 
(1mg/cm2 both sides) and Type II hot corrosion tests.  The alloys tested appeared to 
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have excellent resistance to Type II hot corrosion attack, as indicated by the very low 
weight gains. 
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Fig. 10.28 Comparison of HTHC (Type I) and LTHC (Type II) corrosion kinetics. 
 
Low-magnification cross-sectional images of the 2.5Pt (Fig. 10.29) and Pt-free (Fig. 
10.30) alloys showed very localized pitting regions of attack that is consistent with 
Type II reaction product morphology.140,205,206,208 The general appearance was 
uniform, with an intact Al2O3 scale as shown in the higher magnification images in 
Fig. 10.31. 
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Fig. 10.29 Low-magnification image of 2.5 Pt alloy (Ni-13Al-10Cr-1Re-2Ta-2Ru-2W-2.5Pt-0.1Hf) 
alloy after 100 h Type II hot corrosion. 
 
 
Fig. 10.30 Low-magnification image of no Pt alloy (Ni-13Al-10Cr-1Re-2Ta-2Ru-2W-0.1Hf ) alloy 
after 100 h Type II hot corrosion. 
 
 
a) b)
 
Fig. 10.31 a) 2.5Pt and b) Pt-free alloys after 100 h Type II hot corrosion. 
191 
 
This result of resistance to Type II attack, without the presence of Pt, is excellent.  
This is due to the high Cr level is this alloy which is known for preventing the 
formation of large amounts of transient NiO from forming during the pre-oxidation 
stage,38,40 and any transient Cr2O3 that may have formed would be protective at least 
in the short-term, alloying the Al2O3 to remain completely protective.209  A 
summarization of the effects of Pt on the Ni-13Al-10Cr-1Re-2Ta-2W-2Ru-0.1Hf alloy 
is shown in Table 10.7.  
 
Table 10.7 Summary of the effects of Pt on experimental results 
Experiment 2.5Pt No Pt 
Cyclic 1000oC   
Cyclic 1150oC   
Cyclic 120oC   
Type I Hot Corrosion   
Type II Hot Corrosion   
 
Table 10.7 illustrates that despite all the strengthening elements present in this alloy 
system: Re, Ta, W, and Ru; that small amounts of Pt can still be beneficial with 
regards by promoting exclusive Al2O3 formation during oxidation and increasing 
scale adherence while at the same time increasing the resistance to Type I hot 
corrosion. This clearly shows that Pt, despite its low percentage, is still a worthwhile 
addition to a superalloy system in low amounts for its improved properties despite 
increased cost. 
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10.8.5 PGM Additions vs. Co-Doping Reactive Element Additions 
It was further examined as to whether or not these enhancements observed by the 
addition of Pt could be replicated with reactive element co-doping.  Reactive 
elements play a vital role in the oxidation behavior of the alloy despite their 
additions is very low amounts.  Therefore great study and detail is given to these 
elements and how they affect the growth and adhesion of the protective oxide scale.  
It appears that the use of Hf and Y in these alloys play completely different roles 
than previous suggested.213  Their use in conjunction with each has a combined 
affect that is greatly beneficial to Al2O3 forming systems.214 Therefore, it is useful to 
know if the beneficial properties associated with co-doping of reactive elements can 
are the same as those when Pt is present in the alloy.   The same base composition of 
Ni-13Al-10Cr-1Re-2Ta-2Ru-2W was used with four different additions as shown 
below in Table 10.8.  This base alloy as shown, will form an exclusive Al2O3 scale at 
1000oC.  Two of the alloys do not contain Pt and were to check if the presence of Pt is 
still beneficial.   
 
 
Table 10.8 Nominal at% additions of the base chemistry Ni-13Al-10Cr-1Re-2Ta-2W-2Ru to determine 
the effectiveness of Pt and/or co-doping of Ni-base superalloys 
Alloys Additions 
1 2.5Pt-0.1Hf 
2 2.5Pt-0.05Hf-0.05Y 
3 0.1Hf 
4 0.05Hf-0.05Y 
 
The cyclic oxidation of the four alloys was conducted at 1000oC for 750 cycles.  It can 
be seen in Fig. 10.32 that the Pt-containing alloys had lower transient weight gains 
then the Pt-free alloys.  There was no significant difference in spallation resistance at 
1000oC between the alloys.  The Pt-free and singly doped alloy showed small 
amounts of scale loss. 
193 
 
Fig. 10.32 Cyclic oxidation kinetics at 1000oC for Pt and non-Pt containing alloys 
 
The cross-sections of all four alloys after oxidation are shown in Fig. 10.33.  All 
alloys showed Al2O3 formation and did not differ greatly.  The co-doped alloys did 
however appear to have slightly more planar scales.  In addition to the oxidation, 
aging at 1000oC for 750 cycles is excellent for microstructure stability.  The Pt-free 
alloys in the cross-sections show significantly more TCP phase formation that those 
containing Pt however; this result will be discussed in more detail in Chapter 11.   
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Fig. 10.33 Cyclic oxidation overview cross-sections at 1000oC for 750 cycles 
 
As shown in Fig. 10.33, cyclic oxidation behavior at 1000oC does not aggressively 
test the scale adhesion of the alloys due to the lower amount of thermal stress build 
up and very slow weight gain kinetics.  Therefore these tests were also conducted at 
1200oC to test in extreme conditions the scale adhesion of these particular alloys.  A 
dramatic change in scale adhesion between the single doped Pt-free alloy and those 
with Pt and/or co-doping is seen in Fig. 10.34.  This result clearly indicates that Pt 
can play a powerful role with regards to the scale adhesion in highly alloyed 
systems, even in small amounts.  In addition to the Pt, the addition of co-doping can 
also have dramatic improvements on scale adhesion.      
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Fig. 10.34 Cyclic oxidation kinetics at 1200oC of Pt and non-Pt containing alloys after 750 cycles 
 
The 1200oC cyclic cross-sections in Fig. 10.35 showed exclusive Al2O3 formation due 
to the higher temperatures.  The Al2O3 scales are also measurably thicker as 
diffusion rates through the oxide scale are increased.  These thicker oxide scales and 
higher temperatures increase the possibility of scale spallation.  The Pt-free single-
doped alloy showed complete oxide scale loss.  The two alloys that were co-doped 
appeared to have more planar oxide scales consistent with the 1000oC experiments.  
The scale at 1200oC showed periodical abrupt changes in oxide thickness indicative 
of spallation of large sections of oxide.  The black marks on the single doped Pt-free 
alloy is polishing artifact.  
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Fig. 10.35 Low magnification cross-sectional images of 1200oC cyclic oxidation 
 
The benefit of co-doping as seen above can be useful, however the benefit does not 
translate to increased hot corrosion resistance. Fig. 10.36 shows the Pt-containing 
single-doped (0.1Hf) and co-doped (0.05Hf-0.05Y) alloys after 100 hours of Type I 
hot corrosion.  As seen, the use of co-doping appears to have decreased the Type I 
hot corrosion resistance despite the presence of Pt.  However the decrease is not to 
the extent as observed when Pt is not present. 
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Fig. 10.36 Type I hot corrosion of single- (0.1Hf) and co-(0.05Hf-0.05Y) doped alloys after 100 hours 
 
  
Table 10.9 Summary of the effects of Pt on experimental results 
Experiment Pt Co-Dope 
Cyclic 1000oC   
Cyclic 1150oC   
Cyclic 120oC   
Type I Hot Corrosion   
Type II Hot Corrosion   
 
 
10.9 Behavior of Conjugate Alloy Compositions 
10.9.1 Phase Compositions of Alloys 
There was no significant difference in oxidation resistance at 1000°C between the Pt-
containing and Pt-free alloys; however, at the higher reaction temperatures the 
benefits of Pt addition were clearly indicated. Specifically, the Pt-containing alloy 
showed minimal scale spallation (i.e., weight loss) at 1150oC, while the Pt-free alloy 
exhibited extensive scale spallation at those temperatures.  Thus, even though each 
alloy contained 0.1 at.% Hf, which is a well-established reactive-element addition for 
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improving scale adhesion, the beneficial influence of Pt addition was much greater 
at 1150oC.    
In light of these cyclic oxidation results it was determined necessary to conduct 
oxidation experiments of the conjugate phases to elucidate how each phase oxidizes 
independently during early stages and how this affects the oxidation of the two-
phase system as a whole.  The two alloys are deemed 2.5Pt Alloy and Pt-free Alloy 
with the bulk compositions listed in Table 10.10. 
The conjugate phase compositions were determined using EPMA results on 
continuously cooled heat-treatments microstructures.  The EPMA data was collected 
over multiple points and had standard deviations ~0.2-0.3%.  The data presented in 
Table 10.10 are rounded to the nearest 0.1% below for clarity. 
 
Table 10.10 2.5Pt and No Pt Alloy bulk compositions along with phase compositions used to make 
phase separated ingots. 
Alloy Ni Al Pt Cr Re Ta W Ru Hf 
2.5Pt Alloy Bal. 13 2.5 10 1 2 2 2 0.1 
γ′ Phase Bal. 16.8 2.9 4.0 0.1 2.9 1.6 1.0 0.1 
γ  Phase Bal. 6.5 1.7 18.6 2.0 0.6 2.1 3.2 0.05 
Pt-Free Alloy Bal. 13 - 10 1 2 2 2 0.1 
γ′ Phase Bal. 16.9 - 3.7 0.1 3.1 1.5 1.0 0.1 
γ  Phase Bal. 6.4 - 19.2 2.0 0.5 2.1 3.2 0.01 
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Fig. 10.37  Quasi-ternary Ni-13Al-10Cr alloy with measured phase composition space overlaid on 
the Ni-Al-Cr oxide map determined by Wallwork.34 
 
The phase partitioning observed for these alloys is consistent with literature 
observations.108,112,113,114 Alloying elements Cr, Re, W, and Ru partition preferably to 
the γ phase, while elements Al, Pt, Ta, Hf partition preferably to the γ′ phase.  The 
partitioning will be thouroughly discussed in Chapter 11. The conjugate phase 
ingots were fabricated by the conventional arc-melting and drop-casting methods 
and prepared by the same sample preparation.  Each phase was then cyclically 
oxidized at 1000 and 1150oC for 1 hr cycles.  Weight gain measurements were taken 
at intervals of 16-20 cycles. 
 
10.9.2 Cyclic Oxidation at 1000oC 
Upon examination of Fig. 10.37 and Fig. 10.38 it can be seen that at 1000oC, the 2.5Pt 
and Pt-free two-phase γ+γ′ alloys have similar oxidation kinetics and scale adhesion.   
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Fig. 10.38 Cyclic oxidation at 1000oC for 2.5Pt Alloy and separate phases 
 
Surprisingly, neither the γ or γ′ conjugate phases had better oxidation kinetics than 
the two-phase γ+γ′ alloy in either the 2.5Pt or Pt-free alloy.  The γ phase at 1000oC 
consistently had higher oxidation kinetics than the γ′ phase as a result of the lower 
Al content.  However, even with a higher Al content, the γ′ phase has higher 
transient oxidation than the two-phase γ+γ′ alloy.  This is probably due to the low Cr 
levels needed, which aid in establishing the Al2O3 scale.  These results indicate that 
these two phases must work in tandem to establish the Al2O3 scale, highlighting the 
need for both the Al and Cr. 
The cross-sections of the conjugate phase alloys after isothermal oxidation for 100 
hours displayed quite different oxide morphologies.  The γ′ phase showed exclusive 
Al2O3 for the 2.5Pt alloy while the Pt-free alloy showed small amounts of NiAl2O4.  
This is in stark contrast to the γ-Ni phase oxidation that included the formation of an 
outwardly grown Cr2O3 scale with internal oxides of Al2O3 confirmed by EDS 
spectra. 
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Fig. 10.39 Cyclic oxidation at 1000oC for Pt-free Alloy and separate phases 
 
 
Fig. 10.40 Cross-sections of the 2.5Pt and Pt-free conjugate phase alloys after isothermal oxidation 
at 1000oC for 100 hours. 
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10.9.3 Cyclic Oxidation at 1150oC 
The cyclic oxidation results at 1150oC from the bulk alloys were drastically different.  
The 2.5Pt alloy showed a significant increase in scale adhesion over the Pt-free alloy.  
Upon examination of Fig. 10.40 and Fig. 10.41, a main difference between test 
temperatures is the oxidation characteristics of the γ-Ni phase.  At 1000oC, the γ-Ni 
phase showed higher oxidation kinetics than the γ′ phase, however no scale 
spallation had been observed.  At 1150oC however, large amounts of spallation were 
observed for the γ-Ni phase.  In addition, due to the γ-Ni phase being a Cr2O3-
former, it may be possible that at 1150oC Cr2O3 volatize and may exacerbate the 
observed weight losses.  The cross-section analyses of the conjugate phase alloys 
were nearly identical to those at 1150oC. 
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Fig. 10.41 Cyclic oxidation at 1150oC for 2.5Pt Alloy and separate phases 
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Fig. 10.42 Cyclic oxidation at 1150oC for No Pt Alloy and separate phases 
 
The Pt-free γ′ phase showed similar kinetics and did show signs of scale spallation, 
as did the two-phase γ+γ′ Pt-free alloy.  The 2.5Pt alloy’s γ′ phase did not show scale 
spallation, in accordance, neither did the two-phase γ+γ′ 2.5Pt alloy.  Since both the 
2.5Pt and Pt-free alloy’s γ phase is prone to spallation and Cr2O3 volatilization it can 
be said that the γ phase helps to promote the formation of a protective Al2O3 scale 
while the γ′ phase must maintain the presence of an Al2O3 scale.  
10.9.4 Type I Hot Corrosion 
Like the conjugate phase cyclic oxidation experiments, which suggested that the γ 
and γ′ phases play different roles in the formation and sustaining of the Al2O3 scale, 
Type I hot corrosion tests were conducted on the conjugate phase alloys to elucidate 
the important factors regarding increased hot corrosion resistance. 
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Fig. 10.43 Comparison of 100 hr Type I hot corrosion mass gains for conjugate phase alloys (either 
2.5Pt and Pt-free alloy) with the two-phase γ+γ′  alloys.   
 
As seen in Fig. 10.43 and Fig. 10.44, the conjugate phase hot corrosion resistance of 
the γ and γ′ phases were nearly identical for the 2.5Pt and Pt-free alloys, in stark 
contrast to the results of the two-phase γ+γ′ alloys.  The Type I hot corrosion 
resistance of the γ-Ni phase had high Type I hot corrosion resistance through the 
formation of a protective Cr2O3 scale.  The γ′ phase alloys had poor resistance to the 
Type I hot corrosion, as the formation of a protective Al2O3 scale was difficult with 
the lower Cr content.  It can also be seen that the γ′ phase alloys were susceptible to 
corrosion-induced cracking.  These results suggest that there is a major interplay 
between the two phases and the oxide scale constitution and morphology that forms 
over these alloys suggests that there is a major interplay between the two phases. 
The resulting oxide scale that forms on the two-phase γ+γ′ alloys dominates the hot 
corrosion resistance. 
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Fig. 10.44 Type I hot corrosion of the conjugate phase alloys after 100 hours for the 2.5Pt and Pt-
free two-phase γ+γ′  alloys. 
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10.10  Summary of Alloy Development: Oxidation and Hot Corrosion 
 During the course of the oxidation experiments, there were two main 
elements that appeared to have the most profound effect on high temperature 
exposure.  The amount of Cr present continued to increase as additional 
amounts of strengthening elements were present.  When no strengthening 
elements were present 2.5at% Cr was sufficient, when Re and Ta were added 
at least 5at% Cr was needed, finally when W and Ru were added, a total of 
almost 10at% Cr was needed.  This increase in Cr allowed for the exclusive 
Al2O3 formation to be maintained.  The reasons for the increased Cr content 
are the negative interactions that present themselves by the addition of most 
strengthening elements.  
 The addition of Re likely presents a negative diffusion cross-term between 
itself and Al, thereby reducing the flux of Al to the surface to be available for 
the formation of a continuous protective Al2O3 scale.  To exacerbate this 
effect, partitioning of Re into the matrix denuded zone creates an increased 
Re concentration further decreasing the flux of Al. 
 The use of W and Ru were also observed to be detrimental to the oxidation 
performance of the Ni-base alloys.  The effects of W and Ru are believed to be 
similar to those observed for Re. 
 The addition of Ta was observed to be detrimental when the alloy did not 
have the ability to exclusively form an Al2O3 scale, however when the alloy 
was able to be protective, the Ta was observed to reduce the kinetics.  
Previous investigations evidence suggests that Ta may facilitate the transition 
from a meta-stable Al2O3 phase to the slower-growing stable α-Al2O3 phase 
thereby reducing the oxidation kinetics. 
 The addition of Ta greatly reduced the measured thickness of the γ′ denuded 
zone by decreasing the matrix Al concentration and increasing the γ′ volume 
fraction.  This allowed for a small γ′ denuded zone thickness of 
approximately 3-4 µm after 100 hours at 1000oC.  The predicted γ′ denuded 
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zone values were over-predicted as a result of no contribution of the γ-Ni 
matrix and no Al diffusion profile contribution through the γ+γ′ region.  
Determining an accurate parabolic rate constant is necessary in properly 
predicting the γ′ denuded zone thickness. 
 The alloys containing 10at% Cr were found to have good resistance to cyclic 
oxidation up to 1200oC and Type I hot corrosion resistance with the presence 
of Pt, while the absence of Pt resulted in major catastrophic attack.  The use of 
reactive-element co-doping was investigated to elucidate their effects and if 
they were similar to those observed with the addition of Pt.  The reactive-
element co-doping is effective in increasing the scale spallation resistance of 
non-Pt containing alloys, however unfortunately the hot corrosion resistance 
of these alloys are worse than their single-doped counter part and show 
catastrophic attack. 
 The use of conjugate phase alloys from the two-phase compositions showed 
that each phase oxidizes quite differently from each other and that a strong 
interplay between the phases occurs for the micro-scale oxide morphology 
during the oxidation process.  The scales formed have a large effect on the 
oxidation characteristics and Type I hot corrosion resistance. 
 
Overall, it was determined that additions of Pt, as small as 2.5 at%, were sufficient in 
increasing the oxide scale adherence during thermal cycling, while at the same time 
increasing the hot corrosion resistance.  From an economic standpoint, the weight 
percent of PPG would be reduced to as low as possible while maintaining its 
increased properties.  As will be seen in the next chapter, these two elements also 
play the largest role in microstructure control. 
To summarize the compositional ranges required for oxidation and hot corrosion 
resistance, a plot of Cr and Pt content in at% is shown below in Fig. 10.45. It should 
be noted that this composition space is for a superalloy type composition containing 
Ni-13Al-1Re-2Ta-2W-2Ru-0.1Hf and that the “boundaries” of the shaded regions 
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should not be taken as definite.  The shaded regions correspond to the composition 
space where the mode of attack is hindered and the alloy may be described as 
“resistant” to this particular mode. 
 
Fig. 10.45 Overlay regions of high resistance to thermal cycling oxidation (blue) and Type I hot 
corrosion (green) for complex superalloy base (Ni-13Al-1Re-2Ta-2W-2Ru-0.1Hf) 
 
This schematic representation provides insight as to the required composition space 
for the required properties.  Since oxidation and hot corrosion are similar in nature 
in that they are a corrosive process, it is not surprising that they regions in which 
they fall overlap to a great extent.  It is also not surprising that the hot corrosion 
regime give a more strict addition of Pt and Cr as these two elements as seen are 
known to be beneficial in increasing the alloys corrosion resistance. 
In light of these results, one would suggest an alloy containing large amounts of Pt 
and Cr to enhance the oxidation and hot corrosion properties to its largest extent.  
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However as will be seen in the next chapter, this is counter-productive from a 
microstructural aspect. 
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CHAPTER 11  PGM-MODIFIED ALLOY DEVELOPMENT: A 
MICROSTRUCTURAL PERSPECTIVE 
 
11.1 Introduction 
The continual push by turbine engine manufacturers to increase engine efficiency 
has generated an enormous effort to tailor and optimize the microstructural aspects 
and mechanical properties of Ni-base alloys.  The use of ordered intermetallic γ′-
Ni3Al precipitates and their interaction with dislocations during high-temperature 
deformation are beyond the scope of this investigation and are described in detail 
elsewhere.215  However useful and practical engineering data are prevalent and were 
thoroughly collated by Decker216 in 1969 for state-of-the-art wrought Ni-base alloys 
that are strengthened by γ′ precipitates and grain boundary carbides.  More recently, 
Pollock and Tin8 summarized the improvements in state-of-the-art single-crystal Ni-
base alloys from the standpoint of solidification, high-temperature creep, and 
microstructure.  The solidification process, which is outside the scope of this 
investigation, has become critical in single-crystal fabrication.  Despite 
improvements made with respect to increasing the operating temperature of Ni-base 
components, three main factors largely dictate all the mechanical properties: the γ′ 
volume fraction, lattice misfit, and phase partitioning.  While all these parameters 
can be investigated individually, they are all intimately interdependent on one 
other.217  Examining these parameters together, and the interplay between them, 
provides the best opportunity to gain insights on how to properly optimize the 
microstructures.   
In addition to microstructure optimization, the processability of the alloy is 
paramount.  The ability for the alloy to be properly heat-treated is essential for 
single-crystal compositions.  The heat-treatment window is the region above the γ′-
Ni3Al solvus and below the γ-Ni solidus.  This region is schematically shown in Fig. 
11.1.  Solutionizing in this region is referred to as super-solvus solutionization and 
gives the best mechanical properties by yielding a homogenous γ′ precipitate 
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distribution.8  The heat-treatment window shown in Fig. 11.1, for practical purposes, 
should not fall below ~50oC.218 
 
 
Fig. 11.1 Schematic showing the region of Al content consistent with Ni-base superalloys and there 
effect it has on the heat-treatment window 
 
11.2 Experimental Procedures 
11.2.1 Standard Heat-Treatment 
The standard heat-treatment used initially for this project began with a solutionizing 
treatment (i.e., to obtain single-phase γ-Ni) at 1250oC for 6 hours followed by aging 
(i.e., to precipitate γ′ in the γ matrix) at 1050oC for 4 hours.  Due primarily to the 
presence of Ta, it was deemed necessary to increase the solutionizing temperature of 
the DOE II alloys to upwards of 5oC below the melting point, as determined by DTA 
analysis.  However, the 15 at% Al content in the DOE II alloys caused an insufficient 
heat-treatment window resulting in poor solutionization.  Therefore, a set of DOE II′ 
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alloys was prepared with 13 at% Al.  The nominal compositions of the DOE II′ alloys 
are listed in Table 11.5.   
A lack of transition temperature knowledge of 13 at% Al alloys had been generated 
through DTA experiments; therefore a solution temperature of 1330oC was used 
based on previous alloy knowledge.  The standard solutionizing time of 6 hours was 
still used, as was the standard aging step of 1050oC for 4 hours.  The microstructures 
were assessed using BSE imaging.  
11.2.2 EPMA and Partitioning 
Analyses of phase compositions was used to determine the effects of Pt on the 
partitioning of other elements in a high Cr superalloy system using alloys containing 
10 at% Cr, with and without 2.5 at% Pt.  The slow-cooled heat-treatment described 
in 7.5 was used to gain a coarse microstructure for EPMA analysis.  Higher initial 
temperatures were used in the thermal profile due to the higher γ′ solvus 
temperatures.  A typical image of the highly alloyed system following the slow-
cooled heat-treatment is shown in Fig. 11.2.  Following the slow-cool heat-treatment, 
the alloys were analyzed using EPMA to determine partitioning coefficients. 
 
 
Fig. 11.2 Typical microstructure following the slow-cooled heat-treatment 
 
11.2.3 TCP Imaging 
The imaging of the TCP phases was conducted on samples that had been previously 
oxidized.  The Z-contrast of the high refractory TCP phases was sufficient through 
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BSE mode on the SEM to identify them in the as-polished state, i.e., etching was not 
required.  Once the SEM images were taken, the pixel histogram was manipulated to 
increase the contrast such that the disparity between the γ and γ′ phases was lost and 
the TCP phase contrast was enhanced with respect to the rest of the alloy 
microstructure. 
11.2.4 PANDAT Software219 
The PANDAT software is a computational phase equilibrium prediction package.  
The developing company, CompuTherm, has marketed multiple data packages, 
including: Pan-Ni, Pan-Fe, and Pan-Ti.  Fan Zhang of CompuTherm conducted the 
PANDAT predictions.  
 
11.3 Heat-Treatment Window and the Cost of Using Pt 
As presented in Chapter 7, the Cr content was critical in attaining the proper volume 
fraction of γ′ through a shift in the γ′ phase field, in agreement with PANDAT 
predictions; however, there were some small discrepancies.  These predictions, 
despite their minor errors, were still extremely useful in gaining insight into the way 
the phase boundaries moved with respect to composition change.   
One of the hurdles that proved most difficult was the heat-treatment window size 
when considering a Pt-modified superalloy.  As discussed in 7.4.2, the Pt can 
radically change the γ’ morphology by changing the γ′ lattice parameter.  It has been 
seen here and elsewhere108 that the use of Pt decreases the γ-Ni solidus, while at the 
same time, stabilizing the γ′-Ni3Al solvus to higher temperatures, thereby altering 
the heat-treatment window.  Considering the melting temperatures of single-phase 
stoichiometric Ni3Al (1372oC)220 and Pt3Al (1556oC).221 it can be reasoned why the 
increase in γ′ stability temperature occurs. Here the use of PANDAT predictions was 
useful to show the trends of phase-boundary shift with increasing Pt content.   
A base composition of Ni-13Al-1Re-2Ta-2W-2Ru-0.1Hf was used to construct an 
array of Cr and Pt compositions ranging from 0-10 at% for each element.  Isolation of 
the predicted temperature difference between the γ-Ni solidus and the γ′-Ni3Al 
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solvus was conducted for each composition PANDAT prediction.  These values 
were then plotted on a 2D contour plot to observe the effects.  The results of which 
are summarized in Fig. 11.3.  
     
 
Fig. 11.3 PANDAT predicted heat-treatment windows for an array of Pt and Cr compositions with 
a base composition of Ni-13Al-1Re-2Ta-2W-2Ru-0.1Hf 
 
The color contours shown in Fig. 11.3 are increments of 10oC.  The regions of purple 
and blue have heat-treatment windows of greater than 50oC, which is an arbitrary 
value determined by industry as a practical value for a commercial-scale process.  
Heat-treatment window values below this threshold are deemed too narrow to 
allow for variations in the furnace temperatures and would result in either 
insufficient solutionizing or incipient melting.  An area outlined in yellow 
incorporates the preferred region for the standpoint of heat-treatment window. 
It is readily seen by the predictions that the use of Cr did not significantly change 
the heat-treatment window, as the contours run relatively parallel with increasing 
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Cr content.  However, Pt was shown to greatly reduce the heat-treatment window.  
The addition of Pt decreased the heat-treatment window at ~ 10oC/at% Pt added.  
This is in excellent agreement with heat-treatment window measurements 
determined by DTA on two model alloys studied in Chapter 7 and Chapter 9, which 
are summarized in Table 11.1.  The data indicated the addition of 2.5 at% Pt (from 
2.5 to 5 at%) decreased the heat-treatment window by 23oC, or 9.2oC/at% Pt added.   
 
Table 11.1 Summary of DTA-determined transition temperatures for varying amounts of Pt 
content 
Alloy (Ni-15Al-5Cr-0.1Hf) +2.5Pt +5Pt Change (oC) 
γ′-Ni3Al solvus (oC) 1153 1170 +17 
γ-Ni solidus (°C) 1373 1367 -6 
220 197 -23 
Heat-Treatment Window (oC) 
+2.5 at% 9.2oC/at% Pt 
 
When considering the effect of Pt on the phase stability (i.e. melting point) of single 
phase γ′-Ni3Al, the partitioning of Pt must be taken into account.  The γ′-Ni3Al Pt 
content is 7.1 at% and 3.1 at% for the 5Pt and 2.5Pt alloys respectively.  Using these 
γ′ Pt concentrations, rather than the bulk concentrations, the difference in γ′ melting 
temperature with increasing Pt content changed to 4.25oC/at% Pt.  Using the value 
of 4.25oC/at% Pt, an increase of 75 at% Pt (i.e.Pt3Al) would cause an increase in γ′ 
melting temperature of 318oC from 1372oC for Ni3Al220 to 1690oC for Pt3Al.  This 
extrapolated value is much higher than the reported value for Pt3Al of 1556oC.221  
The extrapolation indicated that the increase in γ′ melting temperature is not linear 
with increasing Pt content.  However, for small Pt additions, the effect can be 
assumed to be linear and can be added to the linear regression analysis of Caron et 
al.222,223    The current γ′ solvus formula exists as: 
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T!" solvus  (oC) = 1299.315 - 2.415 wt% Co - 6.362 wt% Cr - 2.224 wt% Mo + 3.987 wt% W 
+ 0.958 wt% Re + 2.424 wt% Ru - 2.603 wt% Al - 4.943 wt% Ti + 3.624 wt% Ta  
 
Eq. 11.1 
 
Here use of the nominal bulk Pt composition is utilized, rather than the γ′ 
composition specifically. Data extracted from Table 11.1 shows a change in γ′ solvus 
of approximately 7oC/ at% Pt for the two-phase alloy nominal composition.  Since 
this analysis does not take into account the addition of Pt, in wt%, it can now be 
modified to: 
 
T!" solvus  (oC) = 1299.315 - 2.415 wt% Co - 6.362 wt% Cr - 2.224 wt% Mo + 3.987 wt% W 
+ 0.958 wt% Re + 2.424 wt% Ru - 2.603 wt% Al - 4.943 wt% Ti + 3.624 wt% Ta + 2.2 
wt% Pt  
 Eq. 11.2 
 
 
The addition of Pt to this γ′ solvus formula may be beneficial in further alloy 
development studies in which the use of Pt may be used.  The half matrix design of 
experiments approach of this investigation did not allow for direct comparison of 
multiple Pt modifications therefore the significant digits of the Pt coefficient were 
limited due to the lack of statistical accuracy.   
This coefficient of 2.2/wt% Pt in the γ′ solvus equation appears marginal, but as will 
be shown in the next section, the use of Ta greatly reduces the heat-treatment 
window to values near 50oC, which is near the heat-treatment window for 3rd 
generation single-crystal CMSX-4.13  Therefore, the addition of at least 2.5 at% Pt 
would suppress the heat-treatment window to a value that is not practical for 
industrial practices and should be used sparingly from both a cost and 
microstructural standpoint.     
No such formula exists for the prediction of the γ-Ni solidus temperature, however 
data exists for the Ni-rich side for the Ni-X binary systems where X=elements in 
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superalloys.13  The Ni-Pt phase diagram has complete solid-solubility above 
800oC.224  The depression of the solidus and liquidus are relatively small according 
to the Ni-Pt binary231 and has also been observed in the Ni-Al-Pt ternary.108  
 
11.4 Partitioning of Elements 
As previously discussed, the partitioning of elements in the two-phase γ+γ′ system is 
extremely important and influential in most properties of the alloy.  It was 
determined in 10.3 that Re in Ni-Al-Pt and Ni-Al-Cr decreased the ability of the 
alloy to form an exclusive Al2O3 scale by means of decreasing the diffusion 
coefficient of Al in the γ-Ni phase, which was exacerbated by the fact that Re 
partitions to the γ-Ni phase.  It is therefore prudent to systematically determine the 
partitioning coefficient of Re in the presence of Pt. The phase compositions of the 
systematic alloys to assess Re partitioning are presented in Table 10.2.  The alloys 
were heat-treated at 1000oC for 100 hours and mechanically polished.  The phase 
compositions were determined using standardless EDS, therefore should be taken as 
semi-quantitative.  The partitioning coefficients, ki, of element i is defined in Eq. 9.2 
and are displayed in Fig. 11.4.   
 
Table 11.2 Nominal alloy compositions (in at%) containing a Ni-15Al-0.1Hf base composition for 
assessing the effects of Re 
Alloy Pt Cr Re 
5Pt 5 - - 
5Pt-5Cr 5 5 - 
5Pt-1Re 5  5 
5Pt-5Cr-1Re 5 5 5 
 
11.4.1 Pt Partitioning 
The Pt partitioning, as stated earlier, decreased with the introduction of Cr into the 
system.  This is in agreement with Tin et al.116 who found that the partitioning 
coefficient of Pt changed in superalloy C17 from kPt=0.30 to kPt=0.62 with the 
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addition of Cr.  However, the changes observed in this investigation are not as 
dramatic as seen by Tin et al.  Ofori et al.113 found that Pt had a partitioning 
coefficient of kPt=0.4-0.6 for increasing Pt content from 1 to 5 at% Pt; however, their 
alloy did not contain Cr, therefore the larger partitioning coefficients were expected. 
Chromium effects Pt partitioning through shifting of the γ′ phase field towards 
lower Al content, and hence shifts the tie-lines to values of lower Pt.   
11.4.2 Re Partitioning 
Re was shown to partition strongly to the γ-Ni phase kRe=1.8-2, which is in 
reasonable agreement with multiple investigations, which have reported 
partitioning coefficients of: kRe=6-10,108 kRe=9-11,112 kRe=4.5-7,113 and kRe=4.5-6.116  The 
decreased partitioning in the current alloys is a result of these alloys having no Ta, 
and hence low volume fractions of γ′.  As the volume fraction of γ′ increases through 
the addition of Ta, the partitioning of Re tends to increase.225  This is beneficial, as 
the partitioning of Re increases to the γ-Ni matrix, an increase in creep rupture life 
has been observed in multiple investigations.226,227   
 
Fig. 11.4 Measured partitioning coefficients for the alloy compositions in Table 11.2 
 
11.4.3 Ta Partitioning 
The partitioning of Ta was not thoroughly studied at this juncture as the oxidation 
characteristics of the alloys dictated the direction of the alloy development.  
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However, the γ′ denuded zone analysis can provide some elemental partitioning 
insight to the system.  The phase compositions in Table 10.3 were used to calculate 
the partitioning coefficients for the elements present excluding the balance Ni and 
Hf.  The low levels of Hf resulted in very large scatter and errors.  The results are 
summarized in Table 11.3. 
 
Table 11.3 Partitioning coefficients for Ni-15Al-5Pt-5Cr-0.1Hf with and without 2Ta 
Alloy Al Pt Cr Ta 
15Al-5Pt-5Cr 0.61 0.63 1.4 - 
15Al-5Pt-5Cr-2Ta 0.49 0.56 2.6 0.27 
 
Despite experimental error of ±1 at% of each element, the partitioning coefficients 
listed in Table 11.3 show the effects of Ta on the partitioning of the other elements.  
The partitioning of Ta, kTa=0.27, is within the values reported by previous 
investigators that have shown Ta partitions to a stronger extent to the γ′ than any 
other element, including Al. 107,108,112,113,116 Within the experimental error, it can be 
seen that the addition of Ta enhanced the partitioning of Al to the γ′ phase and Cr to 
the γ phase.  This is in agreement with atom probe tomography conducted by Booth-
Morrison et al.194  If the partitioning of all other elements is enhanced, then it is 
reasonable to assume that Pt partitioning would also be enhanced.  The reason for 
this enhancement is caused by shifted γ and γ′ phase boundaries to values of lower 
Al content.  Work on the Ni-Al-Ta phase diagram at 800oC228 and 1000oC229 have 
shown that Al solubility within the γ-Ni phase field decreased with increasing Ta 
content, which is in agreement with the experimental data from the Ta containing 
alloy.  The calculated phase diagram at 800oC is shown in Fig. 11.5.228  It is 
noteworthy to point out that as the Ta partitions to the Al site within the γ′, the γ′ 
phase field extends nearly on a constant Ni composition, which suggests a strong 
preference for Ta to occupy the Al sites in the γ′ lattice.  While the preference of Ta 
for the Al sublattice has not been predicted by first-principle calculations, the other 
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Group V elements: V and Nb have been predicted to sit on the Al sublattice and 
would suggest that Ta would behave in a similar manner.119 
   
 
Fig. 11.5 Experimentally calculated Ni-Al-Ta ternary at 800oC showing a decrease in Al solubility 
in the γ-Ni phase with increases in Ta concentration 
 
As previously shown, the addition of Cr to the system increased the γ′ volume 
fraction by shifting the γ′ phase field to lower Al content, which was predicted by 
PANDAT; see Fig. 7.11.  The Ni-15Al-5Pt-5Cr-0.1Hf prediction and micrograph from 
Fig. 7.11 is re-presented in Fig. 11.6 for comparative purposes long with the alloy 
composition containing 2 at% Ta.  The increase in γ′ volume fraction with the 
addition of 2 at% Ta was predicted by PANDAT and has been observed by other 
experiments.194  However, unlike the Cr addition, Ta not only increased the γ′ 
volume fraction, but it also significantly increased the γ′ solvus temperature. 
Through DTA experiments it was determined that the addition of 2 at% Ta increased 
the γ′ solvus from 1170oC to 1333oC, while it decreased the solidus from 1367oC to 
1347oC.   
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Fig. 11.6 Changes in γ′  volume fraction predicted by PANDAT, along with changes in γ+γ′  
microstructure and the corresponding increase in γ′  solvus determined by DTA 
 
This large change in γ′ solvus dramatically decreased the heat-treatment window of 
the system.  As previously described, the heat-treatment window is defined as the 
difference between the γ′ solvus and the γ solidus, or the region in which the alloy is 
in single-phase γ-Ni equilibrium.  Using the experimental DTA data it can be 
determined that the addition of 2 at% Ta decreased the heat-treatment window 
from 197oC to 14oC for the composition of Ni-15Al-5Pt-5Cr-0.1Hf (+2 at% Ta).  This 
type of decrease was also seen within a Ni-Al-Ta phase transition study conducted 
by Miura et al.230  Their investigation found that a heat-treatment window for the 
binary alloy Ni-15Al decreased from ~475oC to ~110oC with the addition of 2 at% Ta.  
The large increase in the γ′-Ni3Al solvus temperature may be attributed to the 
pseudo-binary Ni3Al-Ni3Ta, which has melting points of 1372oC and 1550oC231 for 
the terminal phases respectively.  This result was very analogous to the Ni3Al-Pt3Al 
pseudo-binary, which has melting points of 1372oC and 1556oC, respectively, for its 
terminal phases.  Each system contains equilibrium phases that occur between the 
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two terminal phases, yet a correlation can be made across the system.  However, as 
stated above, the Ta increases the volume fraction of γ′ by substituting for Al rather 
than Ni, which is the case of Pt.   
This dramatic change in γ′ solvus determined here is much different from what is 
suggested with the linear regression coefficient for Ta determined by Caron et 
al.222,223 shown in Eq. 11.1.  This is a result of using only commercial alloys for 
developing a γ′ solvus equation.  Their multiple regression analyses resulted in a “y-
intercept” for the predicted γ′ solvus of ~1300oC.  This is much higher than the actual 
value of a Ni-Al or Ni-Al-Cr system containing the 12-15 at% Al typically used in 
superalloy systems.  Therefore, the coefficients listed have no physical meaning and 
are only fitting the data to a correct end, which can be useful, but it is limited in 
gaining a deeper understanding of the phase transformation temperatures and is 
prone to be erroneous outside the composition space studied.  A more useful 
approach is to conduct systematic studies, such as this, in determining the γ′ solvus 
with simple modifications of chemistry.  Other investigators have also started 
conducting experiments on simple ternary (Ni-Al-X) or quaternary (Ni-Al-Cr-
X)193,194,232 systems provides a more in-depth understanding.  These simple systems 
provide the crucial understanding for developing an alloy system with a window of 
heat-treatability, especially when considering the addition of Pt to the system.   
 
11.5 Synchrotron Spectra and Lattice Mismatch  
It has been well established that elements such as Re and Ta have a large affect on 
the lattice parameters of both the γ and γ′ phases, respectively, as a result of their 
large partitioning to those particular phases.13,233 The Vegard’s Law coefficients for 
those elements have also been well established in addition to the effects these 
elements have on the thermal expansion coefficient.114  However, it is still prudent to 
experimentally determine the lattice parameters and lattice misfit of experimental 
alloys, since the full lattice parameter calculation methods174 still have inherent 
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errors in them, as a multitude of parameters must be known.  The simplistic 
equation for the temperature-dependent lattice mismatch can be defined as 
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where a is the lattice parameter of the phase in question, ao is the “base” lattice 
parameter of pure γ-Ni or stoichiometric γ′-Ni3Al, ΔaT is the temperature dependence 
of the lattice parameter and ΔaC is the composition dependence.  The thermal 
expansion coefficient is approximated here by the quadratic function bT+cT2.  The 
composition dependence is summarized by the fraction yi of element i on the s 
sublattice with a linear coefficient ki.  While this approach may seem 
straightforward, it is seriously limited by two main factors.  The first of which is the 
composition dependence of the thermal expansion coefficients, 234  which with 
increasing refractory elements in the system, becomes much more prevelant.114  
Secondly, the phase composition is temperature dependent, as shown by Yokokawa 
et al.112  Therefore to make an accurate prediction of the lattice misfit three things 
must be known: 
1. the precise partitioning of the elements, which change with temperature;  
2. the thermal expansion coefficients of both phases and how the change in 
composition of each phase changes the thermal expansion coefficient; and 
3. accurate Vegard’s Law coefficients for all elements present. 
All these factors must be integrated over the temperature range, as they are all 
constantly changing.  This exercise proves extremely difficult, as this type of 
complete information is not available.  It is more practical, from an engineering 
perspective, to measure the lattice misfits as a function of changing temperature. 
Table 11.4 summarizes the compositions tested using the Advanced Photon Source 
(APS) at Argonne National Laboratory.  As a result of the extremely low misfit 
between the two phases, high spatial resolution was needed to deconvolute the 
individual reflection peaks.  This was accomplished using the high intensity X-rays 
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and high-resolution collecting system, which allowed for the necessary accurate 
measurements to be taken to determine the lattice parameters of the γ and γ′ phases.  
In addition, a specially designed furnace was adapted to the beam line, which 
allowed in-situ temperature measurements to be taken up to 1300oC.  A more 
detailed description of the synchrotron experimental procedure and lattice misfit 
determination was presented in 9.3.  Lattice parameter and mismatch values, for the 
six compositions, were determined at 700, 850, 1000, 1150, and 1300oC and are 
summarized in Table 11.4.   
 
Table 11.4 Calculated in-situ lattice parameters and mismatch vs. temperature for the compositions 
listed 
  2.5Pt-5Cr 2.5Ir-5Cr 2.5Pt-2.5Cr-2Ta 
  γ γ′ mismatch γ γ′ mismatch γ γ′ mismatch 
700 3.59386 3.62942 0.009846 3.59965 3.61709 0.004833 3.59402 3.63203 0.01052 
850 3.60874 3.64004 0.008636 3.61215 3.6272 0.004158 3.60791 3.64159 0.009292 
1000 3.62544 3.6496 0.006642 3.62981 3.64132 0.003166 3.6264 3.6524 0.007144 
1150 3.65007 3.66371 0.00373 3.64727 3.65172 0.001219 3.64801 3.66589 0.004889 
1300 3.66745     3.66289     3.66108     
  2.5Ir-2.5Cr-1Re 5Pt-5Cr-1Re 2.5Pt-2.5Ir-5Cr-1Re 
  γ γ′ mismatch γ γ′ mismatch γ γ′ mismatch 
700 3.59549 3.61238 0.004687 3.61169 3.63317 0.00593 3.6065 3.64437 0.010446 
850 3.613 3.62882 0.004369 3.623 3.64227 0.005305 3.62018 3.65472 0.009496 
1000 3.62746 3.63997 0.003443 3.63998 3.65465 0.004022 3.6409 3.66614 0.006908 
1150 3.64579     3.66163 3.66952 0.002152 3.66225 3.67747 0.004147 
1300 3.65578     3.67688     3.67963 0.0004   
 
 
These numerical misfit values are plotted in Fig. 11.7, along with the solvus 
temperatures for each composition determined using DTA.  The extrapolation to the 
projected misfit at the solvus temperature is indicated by the dashed part of the line.  
The final dashed data point indicated the liquidus temperature, also determined 
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using DTA.  The area in which the curves become flat is the heat-treatment window 
in which the alloys are single phase and can be solutionized.  
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Fig. 11.7 The in-situ synchrotron lattice mismatch vs. temperature combined with the DTA data to 
evaluate the heat-treatment window 
 
The lattice misfit values for the Pt- and Ir-containing alloys are discussed in Chapter 
9.  These two alloys are compared here with the other alloys investigated.  The alloy 
containing 2.5Pt+2.5Ir fell between the two alloys containing only Pt and only Ir.  
This observation gave credence to the fact that the substitution of Ir for Pt does 
decrease the lattice misfit by partitioning slightly to the γ phase while sitting on the 
Al sublattice within the γ′.  For the alloys that contain 5 at% Cr and are Ta-free, the γ′ 
solvus temperature was near 1150oC, based on DTA experiments.  The X-ray spectra 
at 1150oC also showed a small volume fraction of γ′ was still present.  A subtler 
trend is that the Ir-containing alloys show a slightly higher increase in liquidus 
temperature (~20oC).  This is in agreement with Murakami et al.108 who found that Ir 
increased the liquidus temperature linearly at a rate of 4.7oC/ at% Ir.     
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The addition of Ta to the alloy containing 2.5Pt-2.5Cr showed a higher misfit despite 
the presence of Pt.  Tantalum, has mentioned earlier, partitions to the γ′ phase, and 
with its large metallic radius (r=1.47Å) expands the γ′ lattice despite its Al 
(radius=1.43Å) sub-lattice site preference.  The lattice misfit of all alloys showed a 
gradual decrease in magnitude as temperature increased due to the higher thermal 
expansion coefficient of the γ phase compared with that of the γ′ phase.  This is in 
agreement with most investigations that have determined that CTE difference, not 
composition, dictates the lattice misfit behavior with temperature.114,167,169,171 
 The microstructures for the six alloy compositions varied to quite a large extent 
with their respective lattice mismatches and are summarized in Fig. 11.8.  These 
micrographs are from the as heat-treated condition at 1050oC, with their 
corresponding measured lattice mismatch at 1000oC given in each micrograph.   
The Ta-containing alloy had some residual primary γ′ left from solidification and 
failed to fully solutionize.  It therefore had a slightly different microstructure from 
the others.  The non-planar interface was a result of semi-coherency, which occurs 
when the lattice mismatch becomes too large and a regular dislocation spacing is 
generated to relieve the stain energy.21  
The Ir-containing alloys had a very uniform cubodial distribution of precipitates, 
while the Pt containing alloys had a high aspect ratio and were more faceted due to 
their higher mismatch.  The Pt+Ir alloy (δ=0.40%), having a near desirable misfit 
value, had a very uniform distribution of very small precipitates.  The alloy 
containing only 2.5 at% Cr showed no γ′ in the 1150oC spectra and also qualitatively 
showed a reduction in γ′ volume fraction.  As discussed, Cr significantly modifies 
the phase boundaries.   
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Fig. 11.8 Changes in microstructure as a result of different lattice mismatch values defined in-situ 
at 1000oC 
 
This large variation in lattice misfit values showed the sensitivity of γ′morphology 
through the strain energy induced by the lattice misfit.  The change in lattice misfit 
and how it affects the change in precipitate shape have been extensively 
studied.25,235,236  It has been determined that as the absolute misfit |δ|  deviates from 
zero, the γ’ lengthens along the elastically soft <100> direction due to minimization 
of the elastic strain energy.235,236 The strain energy has been observed to be the main 
driving force for preventing dislocation shear of the γ′ precipitates.15  While the 
interfacial energy is important in the microstructural stability, it has been 
determined that it is relatively small and plays a minor role in the stability of Ni-Al-
Cr base alloys, see Chapter 9. 
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11.6 DOE II′  Alloys 
11.6.1 Standard Heat-Treatment Microstructures 
The standard heat-treatment as described in 10.2, with metallographic preparation 
as described in 9.3, were conducted for the alloys listed in Table 11.5.  The standard 
heat-treatment (SHT) microstructure images of all DOE II′ alloys are shown in 
Fig.11.9.  The oxidation characteristics during the 100 hour 1000oC isothermal 
oxidation were graded using a simple color scheme.  A green box corresponded to 
good oxidation behavior, yellow was marginal and red was poor; see Fig. 10.19. 
 
Table 11.5 DOE II′  Composition Matrix 
Alloy Pt Ir Cr Re W Ru 
E1 2.5  5 1 1 1 
E2 2.5  5 1 2 2 
E3 2.5  7.5 1 2 1 
E4 2.5  7.5 1 1 2 
E5 2.5  10 1 1 1 
E6 2.5  10 1 2 2 
E7 2.5 2.5 5 1 2 1 
E8 2.5 2.5 5 1 1 2 
E9 2.5 2.5 7.5 1 1 1 
E10 2.5 2.5 7.5 1 2 2 
E11 2.5 2.5 10 1 2 1 
E12 2.5 2.5 10 1 1 2 
 
Image-Pro analysis was used to determine the γ′ volume fraction and average 
precipitate diameter (APD) for all alloys.  PANDAT software was used to predict the 
γ′ volume fraction, and the results were in reasonable agreement with the measured 
as heat-treated volume fractions, the summary of which is presented in Table 11.6.  
Over the entire composition matrix the γ′ volume fraction ranged from 42-53%, with 
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most alloys in the range 45-50%, and the average precipitate diameters ranged from 
190-320 nm, which are within the range of γ′ strengthened Ni-base superalloys.  
 
Table 11.6 DOE II′  Composition Matrix with aPredicted and bMeasured γ′  volume fractions and 
the average precipitate diameter (APD) [µm] 
Alloy Pt Ir Cr Re W Ru fγ′a fγ′b APD 
E1 2.5  5 1 1 1 53 50 0.28 
E2 2.5  5 1 2 2 N/A 50 0.21 
E3 2.5  7.5 1 2 1 58 41 0.32 
E4 2.5  7.5 1 1 2 54 52 0.27 
E5 2.5  10 1 1 1 54 42 0.24 
E6 2.5  10 1 2 2 55 45 0.21 
E7 2.5 2.5 5 1 2 1 47 50 0.21 
E8 2.5 2.5 5 1 1 2 44 43 0.20 
E9 2.5 2.5 7.5 1 1 1 44 53 0.25 
E10 2.5 2.5 7.5 1 2 2 45 47 0.20 
E11 2.5 2.5 10 1 2 1 43 45 0.21 
E12 2.5 2.5 10 1 1 2 42 46 0.19 
 
Examination of the predicted γ′ volume fractions showed a trend of decreasing γ′ 
volume fraction with increasing Cr content.  The PANDAT predictions indicated 
that the addition of 10 at% Cr results in the formation of the B2 NiAl phase in small 
amounts near 1100oC and the formation of the TCP µ-phase near 800oC.  The γ′ 
volume fraction/phase stability contours are graphically represented in the same 
manner as the heat-treatment window, shown previously in Fig. 11.3.  The contour 
plot shown in Fig. 11.10 illustrates the differences in γ′ volume fraction as a result of 
phase stability at 1050oC with varying amounts of Pt and Cr for the same base 
composition as Fig. 11.3 of Ni-13Al-1Re-2Ta-2W-2Ru-0.1Hf. 
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The plot has color contours of ~1.1 vol. % changes in γ′ volume fraction.  This is a 
relatively sensitive plot, however as shown previously, changes in creep rupture life 
are extremely sensitive to γ′ volume fraction; see Fig. 3.5.  The plot shows that 
increased Cr content, to approximately 8 at%, resulted in increased γ′ volume 
fraction, which was reported in 7.4.3.  However, a maximum γ′ volume fraction is 
observed and further additions of Cr resulted in a decrease in γ′ volume fraction as a 
result of new phase formation (i.e. β-NiAl and the TCP µ-phase).  This change in 
phase constitution with increased Cr is well documented in MCrAlY-type coatings, 
which have a γ+β microstructure as a result of the high Cr content.237  Also, the Cr 
content was observed to have a large effect on the presence of TCP phases and as a 
result, newer generation superalloys have decreased Cr content to avoid formation 
of σ-phase.238  Cr has also been shown to limit the temperature capability of the 
system.239  For superior oxidation and hot corrosion resistance the use of high-Cr 
superalloys can be developed with careful alloying.240  All tolled, the use of high Cr 
alloys (10 at% Cr) should be used with caution since long-term phase stability may 
be an issue.  The safe region of optimum γ′ volume fraction and equilibrium phase 
stability is outlined in orange on Fig. 11.10. 
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Fig. 11.10 Plot of changes in the γ′  volume fraction with respect to Pt and Cr content.  Contours 
represent 1.1 vol% γ′  
 
As shown in Fig. 11.9, the addition of Cr over 7.5 at% appeared to have a large effect 
on the γ′ morphology.  Alloys having 10 at% Cr showed a spherical γ′ precipitate 
morphology, which indicated a near-zero misfit, compared to previously tested 
alloys where large lattice misfits were present.  This change most likely came from 
large changes in elemental partitioning.  However, it was difficult to determine and 
isolate the effects of one element in particular when only a half matrix design of 
experiments was incorporated.  This led to the processing of another set of alloys, for 
which compositional changes of only one element were made, to better elucidate the 
effects of each element on the microstructure observed in the DOE II′ alloys. 
11.6.2 Partitioning of PGM, Cr, and Ru 
Similar to the DOE II′ alloys, a base composition of Ni-13Al-1Re-2Ta-1W-0.1Hf was 
chosen with modification of the PGM (Pt and/or Ir), Ru, and Cr contents.  The 
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compositions of these alloys are listed in Table 11.7.  The changes in PGM, Cr, and 
Ru were examined by standard heat-treatment at 1330oC for 6 hours followed by 
aging at 1050oC for 4 hours and a water quench.  The microstructure examination 
was conducted on polished and lightly etched samples using the BSE mode in the 
SEM.  High-magnification SEM images of all six alloys after the standard heat 
treatment are shown in Fig. 11.11. 
 
Table 11.7 Nominal composition changes in at% for a base chemistry of Ni-13Al-1Re-2Ta-2W-
0.1Hf 
Alloy Pt Ir Cr Ru 
1 5 0 5 1 
2 5 0 5 2 
3 2.5 2.5 5 1 
4 2.5 2.5 5 2 
5 2.5 2.5 10 1 
6 2.5 2.5 10 2 
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Fig. 11.11 Change in γ+γ′  microstructure morphology with systematic changes in Pt, Ru, and Cr 
after standard heat-treatment at 1050oC. 
 
The alloy containing 5Pt+5Cr showed no observable primary γ′ and therefore had 
undergone complete solutionizing.  The microstructure was relatively 
homogeneous; however, because of the higher Pt content, a greater γ/γ′ lattice 
mismatch, and preferred γ′-precipitate orientation was present.   
When 2 at% Ru was added to the previously shown alloy, primary γ′ became 
noticeably present from solutionizing temperature of 1330oC.  It should be noted, 
however, that the presence of primary γ′ does not necessarily mean that this alloy 
was not solutionizable, but it does suggest that the heat-treatment window of 
solutionizing temperatures is rather small. Upon examination of Fig. 11.11, it can be 
seen that the precipitated γ′ was smaller (~200-400nm) than the alloy containing only 
1 at% Ru.  
When 5at% Pt is replaced with 2.5 at% Pt + 2.5 at% Ir, the presence of primary γ′ in 
the alloy indicated incomplete solutionizing with a Ru content of 1 at%; whereas, 
when 5at% Pt is present in the previous alloy, full solutionizing occurred.  This is a 
curious result as previous investigations have shown that Ir in fact destabilizes the γ′ 
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phase.108  This has also been observed through DTA analysis conducted in a similar 
investigation.120  It must be noted again, however, that this heat treatment was not 
optimized and dissolution of the primary γ′ may be possible in the former alloy with 
2.5 at% Pt + 2.5 at% Ir.  The γ′ precipitates are slightly more cubodial than those 
present in the 5Pt-5Cr alloy, which is consistent with the presence of Ir at the 
expense of Pt decreasing the γ/γ′ lattice mismatch (see Fig. 11.11). 
The addition of 2 at% Ru to the 2.5Pt + 2.5Ir alloy showed a heat-treated 
microstructure with a refined precipitate size that is extremely fine and 
homogeneous, similar to the alloy containing 5Pt+5Cr.  It appears that the addition 
of 2 at% Ru promoted the nucleation of γ′, resulting in a fine γ′ distribution.  In 
addition, this alloy had no observable primary γ′, which indicates a full solution at 
1330oC within 6 hours.  
The largest change in microstructure was observed with the addition of 10 at% Cr.  
The heat-treated microstructures of the alloys, specifically the γ′ morphology, 
changed quite dramatically.  There was no evidence of primary γ′ throughout either 
alloy, indicating complete solutionization.  Further, the addition of 2 at% Ru 
compared to 1at% Ru did not appear to change the nature of the γ′ precipitates, as it 
did with the 5 at% Cr alloys.  The precipitated γ′ in the 10 at% Cr alloys was found to 
be completely homogeneous and spherical.  The spherical nature of the γ′ is 
indicative of a near-zero γ/γ′ lattice mismatch,235 which is in marked contrast to 
previously studied alloys containing Pt and/or Ir.  The result of apparent near-zero 
γ/γ′ lattice mismatch in the higher Cr alloys indicated tractability in achieving the 
generally preferred negative γ/γ′ lattice mismatch with further judicious alloying.    
The large change in microstructure in the alloy containing 10at% Cr compared to 
that containing 5at% Cr was of great interest and merited further study.  Measured 
partitioning coefficients (by standardless EDS) of the alloys listed in Table 11.7, 
containing 5 and 10 at% Cr, are summarized in Fig. 11.12.  As stated previously, EDS 
measurements should not be taken as absolute but are believed to accurately reflect 
the trends in the variations. Fig. 11.12 reveals that the Al, Pt, and Ta always partition 
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more to the γ′ phase, which has been observed throughout the investigation.  
However it did not significantly change with Cr content.  By contrast, Ir and W 
shifted their partitioning from slightly to the γ′ phase, to slightly to the γ phase with 
increased Cr content.  Iridium has been shown to partition slightly to the γ 
phase,114,108 slightly to the γ′ phase,113 and alternate between the two.112 Therefore it 
is reasonable to assume that the Ir partitioning depends on the other elements 
present. Despite its similarities to Re, W has also been observed to partition only 
slightly partition to the γ phase.116,114,108 
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Fig. 11.12 Partitioning coefficients as determined by EDS analysis for the standard heat-treatment 
microstructures. 
 
Chromium, Re, and Ru all partition to the γ phase prior to the addition of 10 at% Cr, 
which is enhanced with the increased Cr content from 5 to 10 at%.  It is inferred that 
the change in partitioning of Ir and W, combined with the stronger partitioning of 
Cr, Re, and Ru, contrived to expand the γ lattice such that it is similar in size to the γ′ 
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lattice.  The Vegard’s Law coefficients (in nm x10-4/at%) for Ir (4.5), W (4.2), and Re 
(4.8) are all relatively potent in expanding the γ-Ni lattice parameter while Ru (3.3) 
and Cr (1.3) are not as potent, yet still provide a further expansion.  The ability of Cr 
to enhance the partitioning of the aforementioned elements to the γ-Ni matrix, and 
expand the γ-Ni lattice parameter, generated significant differences in the 
microstructure.  This effect of Cr has been readily observed in previous partitioning 
studies.241  
The PANDAT software also predicted an increase in partitioning of the Re, W, Ru, 
and Cr to the γ phase at 1050oC for the same base composition of Ni-13Al-2.5Pt-1Re-
2Ta-2W-2Ru-0.1Hf with a change from 5 at% Cr to 10 at% Cr as seen by the 
partitioning coefficients plotted in Fig. 11.13.  While these changes may not exactly 
coincide with those found for the alloys above, it does give credence to the results 
and that the change in Cr concentration does profoundly affect the partitioning of 
other elements within the Ni-base superalloy system.117 
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Fig. 11.13 PANDAT predictions of partitioning coefficients with the modification of 5 and 10 at% 
Cr for a base chemistry of Ni-13Al-2.5Pt-1Re-2Ta-2W-2Ru-0.1Hf 
 
The amount of Cr can therefore readily be used as a “dial” to adjust the γ-Ni lattice 
parameter by shifting the partitioning of other elements to the γ-Ni matrix.  Pt, on 
the other hand, can be used as a “dial” to increase the γ′ lattice parameter through 
direct expansion of the Ni sublattice.  The effects of Cr and Pt on microstructure are 
summarized in Fig. 11.14.  The addition of 2.5 at% Pt and the addition of 10 at% Cr 
both greatly affect the precipitate morphology despite the presence of many other 
elements. 
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Fig. 11.14 Effects of Pt and Cr on the lattice misfit and resulting microstructure changes 
 
11.6.3 TCP Formation 
Despite the fact that TCP phases were not experimentally observed during the 
standard heat-treatment of 10 at% Cr alloys, the presence of such detrimental phases 
can occur.  Time-temperature-transformation (TTT) plots were generated for the 
formation of TCP phases by Rae et al.,160 which suggest that the formation of TCP 
phases is most rapid near 1000oC.  This temperature is where refractory element 
solubility is sufficiently low, yet diffusion is rapid enough to allow for nucleation of 
the phases.  This is in agreement with Darolia et al., 238 who found that the nose of 
the TTT plot exists within the range of 1037-1093oC.  Indeed both investigations 
showed that the transformation at this temperature range initiates within the first 
10-100 hours and may be complete near 1000 hours.  
Explicit long-term exposure experiments were not conducted on the 10 at% Cr 
alloys; however, apart from assessing the oxidation behavior, the cyclic oxidation 
tests conducted also serve as thermal exposure tests to the bulk samples.  The cyclic 
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oxidation tests were conducted for a total of 750 hours.  This long-term exposure 
was within the time period of TCP phase formation, especially near the nose of the 
TTT plot at ~1000oC.  Examination of the interior bulk of the oxidation samples after 
exposure at 1000 and 1200oC provided insight into the microstructural stability of 
the alloys.   
The samples analyzed here showed very similar cyclic oxidation at 1000oC, but 
deviated significantly in behavior at 1200oC; see Fig. 10.23 and Fig. 10.24.  The 
partitioning coefficients of these alloys, which were determined using the EPMA 
analysis of the slow-cooled microstructures, are shown in Fig. 11.16.  To reiterate, the 
results indicated that the addition of Pt did not drastically affect the partitioning of 
the other elements present, which was also found with other similar compositions 
containing both 5 and 10 at% Cr.  The partitioning of Re was quite high (kRe=11) and 
was consistent with other investigations, as discussed in 11.4.2; however, this is still 
not as strong as kRe=14-15 for CMSX-4 and Rene N5.117  However, it is in agreement 
with alloys that contain Ru, which has been found to “reverse partition” the Re to a 
lesser extent.117   The Ru partitioning coefficient of kRu=3 was also in agreement with 
other investigations.108,112,113,114,116  
The as-heat-treated microstructures of a base composition Ni-13Al-10Cr-1Re-2Ta-
2W-2Ru-0.1Hf with and without 2.5 at% Pt are shown in Fig. 11.15.  The Pt-free alloy 
had highly faceted γ′ precipitates indicating a large misfit, which was determined to 
be negative through the directional rafting of compression creep samples.120 The 
2.5Pt alloy showed less faceted γ′, as a result of the increased γ′ lattice parameter, 
which moved towards a misfit value closer to zero.  As previously mentioned, the 
addition of Pt does not increase the γ′ volume fraction as the phase field extends on a 
constant Ni substitution. 
241 
2.5Pt-10Cr 10Cr
 
Fig. 11.15 As-heat-treated microstructures of a base composition Ni-13Al-10Cr-1Re-2Ta-2W-2Ru-
0.1Hf with(blue) and without (red) 2.5 at% Pt 
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Fig. 11.16 Elemental partitioning coefficients of the alloys shown in Fig. 11.15 
 
The microprobe results in Fig. 11.16 indicated that Pt does not particularly affect the 
partitioning of other elements present within the alloy, which is in relatively good 
agreement with the PANDAT predictions; Fig. 11.17.  Most major elements within 
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the system were in moderate agreement with the predictions; however Ru, which 
has limited experimental data, was in marginal agreement with the prediction. 
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Fig. 11.17 Comparison of slow-cooled EPMA compositions with that of equilibrium conditions 
determined by PANDAT 
 
After the oxidation was complete, the samples were analyzed and discussed per 
10.2.3.  Here the oxidation samples were then analyzed in the bulk to examine the 
thermal stability of the alloys after 750 hours at 1000 and 1200oC and are shown in 
Fig. 11.18. 
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Fig. 11.18 Bulk sample microstructures of oxidized samples of the compositions listed in Fig. 10.23 
 
At 1000oC the 2.5Pt alloy showed small amounts of TCP formation along the grain 
boundaries after 750 hours.  The precipitates had an irregularly blocky shape.  The 
grain boundary TCP phase composition was near Ni-35Cr-24Re-10W-6Ru as 
determined by EDS.  While the σ-phase is characterized by high Cr and low Re 
concentrations and the µ-phase is characterized by low Cr and Re,160 the logical TCP 
phase present is the P or R phase, which are characterized by high Cr and high Re. 
Thermodynamic predictions also list σ-phase as a low temperature equilibrium 
phase, usually at temperatures of less than 1000oC.160  The blocky morphology and 
presence on the grain boundaries is also in agreement with Wang et al.241 who found 
the same morphology of Re and Cr-rich TCP on the grain boundaries after 20 hours.  
Confirmation through EBSD crystallography would be required to confidently label 
the phase.   
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The Pt-free alloy however, showed significantly more TCP phase formation than the 
Pt-containing alloy when exposed to 1000°C; see Fig. 11.18.  There were two distinct 
TCP phases in the Pt-free alloy.  The same P or R phase was present at the grain 
boundaries in an irregular blocky shape and higher concentration that the 2.5Pt 
alloy.  In addition there was a significant amount of needle or plate-like TCP phase 
in the interior of the grain.  Fig. 11.19 shows a higher magnification of the image in 
Fig. 11.18. 
 
 
Fig. 11.19 Ni-13Al-10Cr-1Re-2Ta-2W-2Ru-0.1Hf alloy after cyclic oxidation for 750 hours at 1000oC 
showing TCP formation at the grain boundaries and in the grain interiors 
 
The needle- or plate-like precipitates had a composition near Ni-12Cr-11Hf-8Re-3Ru.  
The lower Cr and Re content suggested the designation of the µ-phase, however 
there was a major disagreement with the experimental observation and those of Rae 
et al.160 who found that none of the TCP phases contained any Hf, whose alloy 
contained 0.1 wt% Hf (~0.05 at%), which is approximately half of what was 
contained in the alloys presented here.  Therefore the Hf content may not have been 
sufficient such that it did not incorporate into the TCP phase.  The only previous 
data found to indicate an effect of Hf on TCP formation was through the micro-
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segregation during solidification.242  Further investigation into the incorporation of 
Hf in the TCP phases is beyond the scope of this investigation however it would 
allow for a unique analysis, as this has not been observed before.  
At 1200oC, the 2.5Pt alloy showed no signs of TCP phase formation within the grains 
or at the grain boundaries.  This was not surprising given the 1000oC results as the 
upper region of the TTT curves developed have shown that at temperatures near or 
above 1200oC the formation of TCP is sluggish due to the higher solubility of the 
refractories.159,160 The Pt-free alloy showed small signs for secondary phase 
formation at 1200oC, as seen in Fig. 11.18.  The phase present at 1200oC was 
morphologically different that those found at 1000oC as they are not present at the 
grain boundaries and are uniformly distributed throughout the γ+γ′ microstructure.  
They are not found however, in the γ′ denuded zone below the oxide scale that 
formed during the high temperature oxidation.  The secondary phase precipitates 
were found to have a blocky morphology with a composition near Ni-80Hf-2Cr.   
Regardless of the phase identity, it was curious that such a significant amount of Hf-
rich phase would be possible through the mass balance of the alloy.  It is possible 
that the nominal composition differed from the actual composition, which may have 
too high of a Hf content.  However the procedures for producing the arc-melted 
ingots have been checked with wet chemistry analysis on multiple compositions and 
have always been very accurate. 
These results suggest that the addition of Pt stabilizes the γ+γ′ microstructure at 10 
at% Cr over long-term thermal aging at temperatures associated with the 
precipitation of TCP phases.  Fig. 11.20 shows the change in γ+γ′ phase stability 
region with the addition of Pt with experimental results of Pt-free (red) and 2.5 at% 
Pt (green) as a guide for determining the phase stability boundary. 
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Fig. 11.20 Change in γ+γ′  phase stability region with experimental results suggesting that the addition of 
Pt suppresses the formation of TCP phases at 1000oC 
 
11.7 Conclusions 
Throughout the alloy development process, which was largely constrained by the 
oxidation and hot corrosion performance, useful insights were gained into the 
ability to design the alloy systems through judicious additions. 
• The addition of Pt was found to be detrimental in reducing the heat-treatment 
window available for single-phase solution treatments by increasing the 
temperature at which the γ′-Ni3Al phase is stable, while reducing the γ-solidus 
temperature.  This resulted in reduction in the heat-treatment window of ~10oC/ 
at% Pt added.  Therefore, additions of over 3-5 at% Pt would inhibit the alloy 
from ever reaching a single-phase γ-Ni region prior to melting of the system.  
This is in contrast to the Cr, which did not appear to drastically change the heat-
treatment window. 
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• One of the biggest changes in microstructure came from the addition of Ta.  Ta 
was found to not only increase the γ′ volume fraction but also greatly increase the 
γ′ solvus temperature. These trends were in agreement with previous 
investigations.  The increase in γ′ volume fraction comes as a result of decreased 
Al solubility within the γ-Ni phase, a behavior that was found in the literature 
and also observed experimentally.  The use of 2 at% Ta reduced the heat-
treatment window from 197oC to 14oC.  Since Ta is known to be a potent γ′ 
strengthener, its use is necessary and heat-treatment windows of ~50oC are 
typical.  The use of Pt must therefore be judicious as it may render the alloy 
unable to solutionize. 
• Re partitioning was found to coincide with previous investigations and while the 
partitioning coefficients of Re were not as large as others have reported, the 
reduced volume fraction of γ′ has been shown to generate this decreased 
partitioning.  Alloys containing larger amounts of γ′ did show Re partitioning 
coefficients in good agreement with those previous reports. 
• The lattice misfit of a superalloy system is in theory a straightforward prediction 
having a thermal and compositional component.  However, these two 
components have a composition and thermal dependence respectively and 
therefore must be integrated over temperature.  This is an aspect that has not 
been rigorously examined.  The partitioning of Pt and Ir, with their respective 
Vegard’s Law coefficients, indicated that increased γ/γ′ lattice mismatch values 
should be observed. This was found within the in-situ synchrotron lattice misfit 
experimental data.  The addition of Pt had the strongest influence of increasing 
the lattice mismatch, Ir was found to increase it only moderately.   The addition 
of both elements changed the lattice mismatch to a value that sat between the 
values found for the individual elements.  Slight changes in lattice misfit have a 
profound effect on γ′ precipitate morphology.  
• PANDAT predictions indicate that the equilibrium phase field may not consist of 
only γ+γ′ with the presence of 10 at% Cr.  The use of high Cr (e.g. >7.5 at% Cr) 
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alloys therefore should be used with caution and long-term thermal stability 
analysis should be conducted to assess the formation of detrimental phases.  Cr 
enhanced the partitioning of Cr, Ir, Re, Ru, and W to the γ-Ni matrix.  This 
increased the lattice parameter of the γ phase, which had a profound affect on the 
γ′ precipitate morphology.  
• The increased partitioning as a result of the Cr modification was predicted by the 
PANDAT software and may be used to adjust the γ-Ni lattice parameter.  The Pt 
addition to the superalloy did not drastically influence the partitioning of other 
elements within the system, in agreement with the PANDAT prediction.  The Pt 
therefore can be used to adjust the γ′ lattice parameter without significant 
influence on other elements. 
• Cyclic oxidation samples were utilized for long-term thermal exposure tests of 
the bulk.  The alloys containing 10 at% Cr plus Re, W, and Ru showed TCP phase 
formation at 1000oC at the grain boundaries, most likely the P or R phase.  The 
Pt-free alloy showed a significant amount of needle- or plate-like TCP phase with 
an unusual composition of high Hf that had not been previously reported.  At 
1200oC the 2.5Pt alloy showed no signs of TCP phases, as the solubility was 
sufficient to reduce nucleation.  The Pt-free alloy however showed a secondary 
phase of Ni-80Hf-2Cr that was present homogenously throughout the two-phase 
microstructure. 
• Using Cr and Pt had the most influence of any elements within the system.  In 
light of the Pt suppression of TCP phase formation, increases in Pt content allow 
for increased Cr content while maintaining phase stability.  The optimum heat-
treatment window region of the contour plot was then super-imposed on the 
modified optimum γ′ volume fraction/phase stability region contour plot.  This 
combined plot in Fig. 11.21 gives a region where the use of Cr and Pt were 
beneficial from a microstructural perspective that allowed for a sufficient heat-
treatment window for solutionizing while maintaining a high γ′ volume fraction 
with increased phase stability.  
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Fig. 11.21 Overlay of optimum regions of γ+γ′  phase stability and high fγ′ (orange), and a heat-
treatment window of ~50oC (red) 
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CHAPTER 12 PGM-MODIFIED ALLOYS DEVELOPMENT 
CONCLUSIONS 
 
To produce the material “class” that best fulfills the unique combination of 
properties required for coatingless applications, the following are deemed necessary: 
oxidation/hot corrosion protection, creep resistance, and formability is an 
intermetallic-strengthened two-phase alloy.  The γ-Ni+γ′-Ni3Al region of the Ni-Al 
binary provides a microstructure of Al-rich precipitates that facilitate the formation 
of an Al2O3 scale.  The Al-rich γ′ also acts as a reservoir to sustain the Al2O3 scale 
growth that prevents the alloy from further degradation. 
Previous investigations on the use of PGM’s, most notably Pt, have shown that they 
are beneficial in enhancing the oxidation and hot corrosion resistance of Ni-base 
systems.87,89,91,92,93,94 However, as shown by these investigations, modification of 
existing state-of-the-art alloys with an element like Pt can seriously affect the 
microstructure in detrimental ways.  Indeed, accounting for the presence of a PGM 
during the early stages allows for judicious alloying to tailor the microstructure. 
This thesis has discussed the development of PGM-modified Ni-base superalloys 
with respect to enhancing the oxidation and hot corrosion performance while 
maintaining the microstructural properties consistent with commercial Ni-base 
superalloys.  The mechanical properties of the PGM-modified alloys were not 
directly measured in this investigation.  However, given the wealth of knowledge 
concerning the relationship between the microstructure and mechanical properties 
of Ni-base superalloys, there is reasonable confidence that the proper microstructure 
would yield predictable mechanical properties. 
Partitioning and phase compositions are extremely important to alloy development; 
however, they proved difficult to accurately assess due to the small size of the γ′ 
precipitates. To overcome this problem, a slow-cool heat-treatment was developed 
to attain sufficiently coarse two-phase microstructures for accurate EPMA analysis. 
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The initial stages of alloy development indicated a need for optimization of the Hf 
content.  Hf amounts were decreased with respect to Pt-containing γ+γ′ coatings.  
The addition of Cr was found to be beneficial from an oxidation standpoint, which is 
in agreement with numerous results stemming from the Ni-Al-Cr system.  In 
addition to the improved oxidation performance, the Cr increased the γ′ volume 
fraction and reduced the partitioning of Pt, both of which were advantageous from a 
microstructural perspective.  
One of the major obstacles to overcome in developing a Pt-modified superalloy was 
reducing the lattice misfit through decreasing the γ′ lattice parameter. Pt greatly 
expands the γ′ lattice parameter due to its substitution on the Ni sublattice and the 
strong partitioning of Pt to the γ′ phase only exacerbated this effect. 
Ir was investigated as a substitute for Pt because preliminary results showed a 
correlation to excellent oxidation characteristics.  Ir is also cheaper than Pt.  
However, Ir behaves differently from Pt in partitioning and site preference within 
the γ′ phase, the latter being temperature and composition dependent.  As a result, 
their effects on microstructure differ greatly.  Most notably, a reduced lattice misfit 
occurs when Ir was added to the Ni-Al-Cr system, compared to Pt.  However Ir was 
not as effective as Pt at increasing the hot corrosion resistance of model alloy 
systems and was not investigated further.  
Lattice mismatch values determined from synchrotron X-ray diffraction data were 
compared to post-creep BFI TEM dislocation network spacing analysis.  This 
comparison revealed that there is good qualitative agreement between the two 
methods in determining the lattice misfit.  Such a comparison has rarely been 
reported. 
Pt-modification of complex superalloys did not influence the partitioning of other 
elements present in the system. Elements Cr, Re, W, Ru, and Ta all showed 
partitioning trends similar to those in PGM-free superalloys.  From an alloy 
development standpoint, this enables the use of pre-existing databases for PGM-
modified superalloys. 
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The addition of Re, W, and Ru were all detrimental in promoting the formation of an 
exclusive thermally grown Al2O3 scale.  Such a negative effect arose for multiple 
reasons, including:  reduced Al diffusion through cross-term interactions; increased 
oxygen permeability of the alloy; and non-protective oxide formation.  Ta was 
observed to be less detrimental compared to Re, W, and Ru and actually seemed to 
be beneficial in reducing the oxidation rate when exclusive Al2O3 formation was 
present.  Ta also greatly reduced the thickness of the γ′ denuded zone created by the 
oxidation process that decreased the γ-Ni matrix Al concentration and increased the 
γ′ volume fraction.  
Despite the presence of Re, Ta, W, and Ru, alloys containing 2.5 at% Pt and 10at% Cr 
were found to have good resistance to cyclic oxidation up to 1200oC and Type I hot 
corrosion resistance The absence of Pt resulted in catastrophic attack during Type I 
exposure.  In addition to the oxidation properties, Cr affected the γ′ precipitate 
morphology through increased partitioning of the γ-Ni (solid solution) 
strengtheners: Cr, Ir, Re, Ru, and W. 
While cyclic oxidation was improved, the beneficial effects of Pt on hot corrosion 
could not be duplicated using a co-doping approach with Hf+Y in complex 
superalloys. 
Pt also was found to suppress the precipitation of a previously unobserved Hf-rich 
topologically close-packed high-aspect-ratio topologically close-packed (TCP) phase 
at 1000oC for 10 at% Cr (higher order) compositions.  Another TCP phase, was 
present in both both Pt-containing and Pt free alloys at the grain boundary, but in 
reduced quantities for the Pt-containing alloy.  At  1200oC the Pt prevented all TCP 
phases while the Pt-free alloy contained a Hf-base precipitate. 
During the course of this investigation, two elements in particular were found to 
have the most profound impact on both the oxidation/hot corrosion and 
microstructure.  These two elements were Pt and Cr.  As strengthening elements 
detrimental to oxidation were increases in quanity, the overall amount of Cr needed 
for exclusive Al2O3 formation was determined to be ~10 at%.  2.5 at% Pt was 
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determined sufficient for increasing the oxide scale adherence and increasing the hot 
corrosion resistance.  The regions of optimum hot corrosion and cyclic oxidation are 
shown in Fig. 12.1. 
 
 
Fig. 12.1 Regions of high resistance to cyclic oxidation (up to 1200oC) and hot corrosion (Type I) for 
varying amounts of Pt and Cr for a base composition of Ni-13Al-1Re-2Ta-2W-2Ru-0.1Hf 
 
 
From a microstructural perspective, Pt was found to be detrimental by reducing the 
heat-treatment window available for single-phase solutionizing treatments by both 
increasing the γ′-Ni3Al solvus temperature and decreasing the γ-Ni solidus 
temperature.  The γ′ volume fraction did not increase with increasing Pt content. Cr 
did not drastically change the heat-treatment window but could lead to the 
precipitation of TCP phases. The use of Pt can aid in suppressing TCP phase 
formation to the extent that higher concentrations of Cr may be used.   
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The optimum heat-treatment window and γ′ volume fraction/phase stability regions 
were combined, as shown in Fig. 12.2.  It shows a region where the use of particular 
Cr and Pt concentrations will enable both the >50oC heat-treatment window and 
where the γ′ volume fraction/phase stability are well within the area deemed 
beneficial from a microstructural perspective.  
 
 
Fig. 12.2 Region of optimum heat-treatability (>50oC) and large volume fraction of γ′  with high 
phase stability with varying amounts of Pt and Cr for a base composition of Ni-13Al-1Re-2Ta-2W-
2Ru-0.1Hf 
 
As mentioned in the Introduction, this project was aimed at developing an alloy 
with both microstructural and mechanical properties similar to those of traditional 
Ni-base superalloys while improving the oxidation and hot corrosion properties.  
Since nearly all superalloy developments have focused on the mechanical aspects, 
much of this investigation was focused on determining suitable compositions for 
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oxidation and hot corrosion resistance.  By utilizing the empirically determined 
oxidation/hot corrosion Pt vs. Cr plots and overlapping them with the 
empirical/predicted microstructural Pt vs. Cr plots, a region where all parameters 
overlap would signify a composition space where the microstructural stability is 
suitable for Ni-base superalloys with increased oxidation and hot corrosion 
resistance.  This final plot is shown in Fig. 12.3, and it shows a region of 2-4 at% Pt 
and 7-10 at% Cr as optimum.  This region of composition space is for an Al 
concentration of 13 at% and up to about 7 at% of Re, Ta, W, and Ru. This allows for 
tailoring the microstructure through additions of strengthening elements to result in 
the proper lattice misfit while maintaining the oxidation and hot corrosion 
performance of a coating. 
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Fig. 12.3 Optimum region outlined in yellow with a composition space of ~2-4 at% Pt and ~8-10 
at% Cr where all required properties are present for a base composition of Ni-13Al-1Re-2Ta-2W-
2Ru-0.1Hf 
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